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PREFACE 

The present dissertation reports the deformation microstructure and the plasticity 

mechanism(s) of a fine-grain Fe-26Mn-1Al-0.14C high-Mn steel. The thesis is 

divided into two parts i.e., Part A and Part B. Part A contains two Chapters and 

six Chapters are in Part B. Chapter 1 briefly describes strain hardening in 

metals/alloys, stages of strain hardening, the fundamentals of plastic deformation 

and short literature review on the grain size strengthening in high-Mn steel. 

Chapter 2 concerns the description of underlying X-ray and electron diffraction 

theories used towards assessment of deformation microstructure. Chapter 3 

describes material processing & the flow stress behavior. Chapter 4 describes 

results of electron backscattered diffraction and electron channelling contrast 

imaging of the deformation microstructure. Chapter 5 defines X-ray line profile 

analysis of the deformation microstructure. Chapter 6 briefly describes 

transmission electron microscopy investigations and its implications on the 

deformation mechanism. Chapter 7 describes a quantitative assessment on the 

contribution of dislocation substructures to flow-stress. Chapter 8 gives the 

conclusion of the study. 

The material chosen is Fe-26Mn-1Al-0.14C high-Mn steel. The 

compositions reported throughout this dissertation are in weight %, unless 

otherwise specified. The material was prepared by induction furnace melting. 

Suitable thermomechanical treatments were applied to produce an average grain 

size of ~ 5 μm. The initial microstructure was studied using electron backscatter 

diffraction (EBSD). Uniaxial tensile tests with a quasi-static strain rate: 10-4 were 

carried out at room temperature (RT). The tensile tests were interrupted at 2%, 

5%, and 10% true strain and finally continued up to failure at: 50% strain. 

Deformed microstructures were investigated using X-ray diffraction (XRD) and a 

transmission electron microscope (TEM). The EBSD and electron channelling 

contrast imaging (ECCI) measurements were performed using a high-resolution 

field emission scanning electron microscope equipped with an EBSD system. An 

attempt has been made to interpret deformation mechanism(s) and to correlate 

with the strain hardening behavior of the steel. 
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3 

 

1.1 Background of the work 

The development of metals/alloys with high strength, ductility and toughness is long perceived. 

Typical examples of those in case of steels include advanced high-strength steels comprising 

dual-phase steels, transformation-induced plasticity (TRIP) steels and high-manganese 

austenitic steels for automotive applications. In recent years, another concept of advanced steel 

has gained a great deal of attention driven by the need for further reducing the vehicle weight, 

without compromising the strength. Traditionally, the high level of specific strength of 

advanced steels is achieved mainly by increasing the strength of the steels (Grassel et al., 2000; 

Fan et al., 2009; Bhadeshia, 2010; Jang et al., 2012). An alternative way of increasing the 

strength is to make the steels lighter by alloying light elements such as Al (and/or Si) with the 

Fe-Mn-C-base alloy system. The Fe-Al-Mn-C system have been studied for several 

applications, namely: (i) cryogenic application, (ii) oxidation resistance at high temperature 

and (iii) corrosion resistance as a potential substitute for more expensive Fe-Cr-Ni base 

stainless steels (Lee et al., 1992; Shih et al., 1993; Saxena et al., 1994; Zhu & Zhang, 1998; 

Herrmann, 2003; Hamada & Karjalainen, 2006; Morris et al., 2006). During the last two 

decades, much effort has been directed towards the development of ductile lightweight steels 

with high strength and reduced density for structural applications. The Fe-Al-Mn-C system for 

automotive applications has been studied in Europe and Japan since the early 2000s.  

In the 2000s, Frommeyer and Brux (Frommeyer & Brux, 2006) reported high-strength 

Fe-Al-Mn-C lightweight alloys with excellent ductility, and they coined the term: TRIPLEX 

steels, which is a multiphase steel with three major phases. It is composed of austenite as the 

matrix phase with 5–15 vol.% ferrite and nano-sized κ-carbides less than 10 vol.%, which are 

finely dispersed throughout the austenite. The composition range of these steels covers Fe-(18–

28)Mn-(9–12)Al-(0.7–1.2)C (in wt%). Their typical alloy of Fe-28Mn-12Al-1C alloy exhibited 

a yield strength (YS) of 730 MPa, an ultimate tensile strength (UTS) of 1000 MPa and total 

elongation of 55% during a uniaxial tensile test performed at room temperature (RT) at a strain 

rate of 10-4 s-1. The concept of lightweight steel looks quite simple, but the underlying 

metallurgical issues are complicated since the lightweight steel can have ferritic, austenitic or 

even a multiphase structure depending on the content of primary alloying elements of C, Mn 

or Al. Such a situation complicates the deformation mechanism as well. 

Deformation behavior of face-centered cubic (fcc) metals/alloys, including the 

austenitic steels is strongly dependent on the stacking fault energy (SFE) of the concerned 
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material. Depending on the SFE value of the steel, strain-induced martensitic transformation 

and mechanical twinning are deformation mechanisms competitive with dislocation glide. 

Strain-induced martensitic transformation is known to be dominant when the SFE of austenite 

is less than about 20 mJ/m2, while for SFE values above 20 mJ/m2, mechanical twinning is 

likely to control the deformation in high manganese (high-Mn) austenitic steels – leading to 

the well-known twinning induced plasticity (TWIP) effect (Olson & Cohen, 1976a, 1976b). 

Frommeyer et al. (2000) reported the transition of deformation behavior from TRIP to TWIP 

in Fe-3Si-3Al-Mn alloys containing 15 to 25% Mn. At 15–20% Mn concentrations, the strain-

induced martensitic transformation 𝛾𝑓𝑐𝑐 → 𝜀ℎ𝑐𝑝 → 𝛼′ i.e. the TRIP effect dominates, while 

further increase of Mn content elevates the SFE further and mechanical twinning become a 

major deformation mode i.e. the TWIP effect predominates. 

When the SFE is higher than 30-40 mJ/m2, the formation of dislocation cell is profound 

during deformation of high-Mn steels (Remy & Pineau, 1977). The dislocation cell is known 

to occur in deformation of fcc materials with high SFE due to active cross-slip, while planar 

glide of dislocation is observed during deformation of fcc metals/alloys having low SFE 

(Kuhlmann, 2001). However, many Fe-Al-Mn-C austenitic steels deform by planar dislocation 

glide rather than wavy glide, despite having a high SFE (Frommeyer & Brux, 2006; Yoo & 

Park, 2008; Choi et al., 2010; Park et al., 2010). For instance, Fe-28Mn-12Al-1C alloy 

subjected to ageing for 16h at 550◦C revealed shear band formation by planar glide even with 

a SFE ~ 110 mJ/m2 (Frommeyer & Brux, 2006). Subsequently, Park et al. also observed that 

solution treated Fe-28Mn-9Al-0.8C with SFE ~ 85 mJ/m2 deformed in planar dislocation glide 

(Yoo & Park, 2008). Park et al. (2010) and Park (2013) attributed the planar glide of 

dislocations in high-Mn steels to the glide softening phenomenon associated with short-range 

ordering (SRO) in the solid solution state.  

The complex deformation mechanisms in high-Mn steels are further compounded by 

grain refinement. One important parameter influencing the mechanical twinning behaviour of 

a given high-Mn steel is the grain size of austenite (Ueji et al., 2000; Gutierrez et al., 2008; 

Dini et al., 2010; Gutierrez & Raabe., 2012a; Lee, 2012). The densities of mechanical twins 

are known to significantly decreases at the same strain by refining the grain size from 49.6 μm 

to 1.8 μm for Fe-31Mn-3Al-3Si high-Mn steel (Ueji et al., 2000). Ueji et al. (2000) explains 

this through the development of a non-planar dislocation structure (Dini & Ueji, 2012), while 

Gutierrez-Urrutia et al. (2008) believes that grain refinement retards mechanical twinning by 
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increasing the critical twinning stress in Fe-22Mn-0.6C steel. Lee (2012) thereafter proposed 

that the suppression of mechanical twinning by grain refinement is similar to the formation of 

ε-martensite during grain refinement, and that mechanical twinning is retarded by local 

increase in SFE near the grain boundaries where the C atoms are segregated to or by the 

increased back stress of dislocations. Nevertheless, the exact cause of inactive mechanical 

twinning and the corresponding strain hardening behavior of fine-grained high-Mn steels is 

still under discussion (Kang et al., 2016) and the present dissertation aims to provide newer 

insights into investigating the twinning tendency in a fine-grained high-Mn Fe-Mn-Al-C steel 

and its associated strain hardening behavior based on the classical theory of twinning and 

existing theory of strain hardening, which are now discussed in the following. 

1.2 Strain hardening in metals/alloys and the associated stages  

1.2.1. The Hall-Petch theory  

In the 1950s, Hall and Petch demonstrated that the yield stress 𝜎𝑌𝑆 (Fig. 1.1) (Hall, 1951; Petch, 

1953) (and hence the hardness) scales with the inverse square root of grain size in 

polycrystalline materials according to the following relation:  

𝜎𝑌𝑆(𝑀𝑃𝑎) =  𝜎𝑌𝑆
0 + 

𝑘𝑌𝑆
𝐻𝑃

√𝑑
      (1.1) 

where the parameter 𝜎𝑌𝑆
0  includes the lattice friction stress, the solid solution strengthening 

contribution of the alloying elements, and the strain hardening contribution of the initial 

dislocation density, 𝑘𝑌𝑆
𝐻𝑃 is a material parameter, and 𝑑 is the average grain size (Armstrong, 

2014).  

It has been explained by a dislocation pile-up model for the stress concentration at the 

tip of a slip band (Armstrong, 2014; Cordero et al., 2016), but recently, the validity of this 

relationship has been debated (Li, 2016). In the 1980s, Gleiter et al. (1989) pioneered research 

into polycrystalline materials whose grains are of nanometre size. It was thought then that these 

materials would exhibit superior hardness as well as superior wear resistance and fracture 

strength compared with their coarse-grained counterparts due to the large volume fraction of 

grain boundaries they contain as grain boundaries were known to govern the response of metals 

to deformation (Meyers et al., 2006; Pande & Cooper, 2009). Although hardness measurements 

of some nanocrystalline samples have been reported to be consistent with the behaviour  
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expected by the Hall–Petch equation, grain boundary weakening has also been reported for 

nanocrystalline materials having typical grain sizes less than 30 nm – the so-called inverse 

Hall–Petch effect (Chokshi et al., 1989; Koch & Narayan, 2000). The inverse Hall–Petch effect 

has been observed both experimentally (Chokshi et al., 1989), as well as in molecular dynamics  

 

 

 

 

 

 

 

Fig. 1.1: The relationship between lower yield point (𝜎𝐿𝑌𝑃) and grain size, 𝑑, 

in mild steel (Hall, 1951) 

Fig. 1.2: Molecular dynamics simulations of hardness-depth relations for (a) on a grain 

boundary and (b) near a grain boundary for nanocrystalline pure iron (Kuhr & Aifantis, 2019). 
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(MD) simulations (Schiotz & Jacobsen, 2003; Huang, 2018; Xu & Davila, 2018; Kuhr & 

Aifantis, 2019). The weakening has been attributed to (1) processing artefacts (Meyers et al., 

2006; Koch & Narayan, 2000), (2) disordered grain boundaries (Armstrong, 2016), and (3) the 

higher percentage of material in grain boundaries for nano- as opposed to micro-grained 

materials (Carsley et al., 1995; Carsley et al., 1998) coupled with the intrinsic relative softness 

of material in grain boundaries (Fig. 1.2) (Kuhr & Aifantis, 2019). Other studies, such as the 

one reported by Conrad (2004), considered a possible explanation for the effect as being the 

transition from dislocation controlled to grain boundary and diffusion-dominated deformation 

(Pande & Cooper, 2009). 

1.2.2. The stages of strain hardening  

Diehl (1956) in 1956 first demarcated the stress-strain curve into three stages based on the 

mechanical properties of single crystals, which is presented in Fig. 1.3. Stage I/A is observed 

only during single slip in single crystals, while Stage II/B is a linear hardening stage with a 

relatively high work hardening rate and occurs in both single crystals and polycrystals, 

independently of stage I/A. This hardening behavior is thought of as a limiting behavior at  
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Fig. 1.3: The stages of work hardening, Stage Ⅰ easy glide, Stage Ⅱ athermal work 

hardening and Stage Ⅲ dynamic recovery (Diehl,1956). 
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small strains since it’s validity decreases with increasing temperature and SFE. Stage III/C 

represents a steady decrease in work hardening rate and is sensitive to temperature and strain 

rate. The theory for stage III/C assumes that a saturation stress is reached at the end of stage 

III/C when recovery balances dislocation storage. When this discussion turns to consideration 

of large strain behavior, a further stage IV/D must be added, however. This stage is the low 

level work hardening that persists in some cases to very large strains. The existence of a stage  

 

 

 

 

 

 

 

 

 

IV/D in work hardening requires modification of theory of stage III/C that predicts saturation 

of the flow stress at the end of stage III/C. Some authors refer to a stage V/E, wherein further 

dynamic recovery takes place, leading to an eventual actual saturation of the flow stress. The 

various stages of work hardening are most clearly distinguished on a diagram of 𝜃versus 𝜀, 

where 𝜃 =
𝑑𝜎

𝑑𝜀
 , Fig. 1.4. Stage II is commonly found in low SFE materials and at low 

temperature at a constant, high, value of 𝐺 at about 𝐺/200 (
𝑑𝜎

𝑑𝜀
 ), where 𝐺 is the shear modulus. 

Stage III/C is often be represented by a straight line where the hardening rate decreases linearly 

with stress towards a "saturation stress". Stage IV/D is manifested before the saturation stress 

is reached and is commonly thought of as another stage of constant, low 𝜃 at about 2.10-4𝐺. 

 

𝒅𝝈

𝒅𝜺
 

Ⅱ 

Ⅰ Ⅳ 

Ⅲ 

𝝈 

Fig. 1.4: Stages of work hardening for a single crystal represented on a plot of hardening 

rate versus flow stress. A polycrystal would show stages Ⅲ & Ⅳ, possibly Ⅱ also (Rolltt 

& Kocks, 1993) 
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1.3. The factors influencing the strain hardening of high-Mn steels 

1.3.1. The SFE of austenite 

The SFE is a key factor that controls the mechanical properties of the high-Mn alloys, including 

the occurrence of TWIP effect. It is still unclear why a threshold SFE value is essential for 

occurrence of the strain induced twinning, but it appears to be related to the suppression of the 

athermal 𝛾 → 𝜀  martensitic transformation. Since the SFE is an essential parameter, there has 

been a considerable interest in determining its value for high-Mn steels (Idrissi et al., 2010; 

Pierce et al., 2012; Pierce et al., 2014). These steels possess a stable fully austenitic 

microstructures in the SFE range of 20-30 mJ/m2 or more (Schumann, 1972; Alder et al., 1986; 

Mindownik, 1998; Yakubtsov et al., 1999; Allain et al., 2004a). C content of less than 1% 

lower the SFE to approximately  22 mJ/m2, while at higher C contents, the SFE is reported to 

increase (Yakubtsov et al., 1999). The critical SFE regime to observe TWIP effect in high-Mn 

steels is still debated and there is a slight difference depending on the alloy compositions. 

Frommeyer et al. (2003) indicated that the SFE larger than  25 mJ/m2 will result in the TWIP 

effect in the stable austenite, while Allain et al. (2004b) presented a narrower range for SFE 

mediated twinning. On the other hand, Dumay et al. (2008) mentioned that below SFE 18 

mJ/m2 twinning tends to disappear and is replaced by 𝜀 platelets and the SFE of  20 mJ/m2 is 

needed for the best strain hardening rate (SHR). Jin & Lee (2009) suggested that the SFE value 

33 mJ/m2 is required to obtain twinning in Fe-18Mn-0.6C-1.5Al. De Cooman et al. (2011) 

measured that the SFE of Fe- 18Mn-0.6C-1.5Al high-Mn steel as  (30±10) mJ/m2. Kim & De 

Cooman (2016) recently reported that the SFE required for the TWIP effect is  13-40 mJ/m2. 

Pierce et al. (2015) investigated the influence of SFE on the microstructural and strain-

hardening evolution of three (Fe-22/25/28Mn-3Al-3Si) TRIP/TWIP steels during RT tensile 

deformation. They observed SFE of the Fe-22/25/28Mn-3Al-3Si alloys increased from 15-39 

mJ/m2, with systematic the increase in Mn content and best combination of UTS and total 

elongation could be obtained for SFE 15-39 mJ/m2. Their report also indicate that the strength 

and ductility decrease significantly above a SFE  39 mJ/m2, corresponding to a decrease in 

the incidence of mechanical twinning. SFE  21 mJ/m2 in Fe-25Mn-3Al-3Si results in a 

dislocation structure that exhibited both planar and wavy characteristics. It was further reported 

by them that a higher SFE  39 mJ/m2 in Fe-28Mn-3Al-3Si enhances greater dislocation cross 

slip and mobility, which reduces work-hardening in comparison to the lower SFE alloys.  
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1.3.2. The grain size of austenite 

It is established that the grain size is closely related to mechanical behaviour of materials and 

the grain refinement is a suitable means of the microstructure control for strengthening a 

material without changing its chemical compositions (Ueji et al., 2008). However, in fcc metals 

and alloys with low SFE such as high-Mn steels, the information concerning the range of the 

grain size effect on the both strength and ductility and the underlying deformation mechanism 

is still limited. It is accepted that grain refinement in high-Mn steels increases the threshold 

stress with some reduction in ductility (Scott et al., 2005; Ueji et al., 2008). Changes in grain 

size from 1 to 18 m follow the Hall-Petch relationship, primarily affecting the threshold (i.e., 

initial yield) stress as shown in Fig. 1.5 (Scott et al., 2005). 

 

 

 

 

 

 

 

 

 

The dislocation substructures that form depend on the grain size, which in turn 

influences the twinning tendency of high-Mn steels (Gutierrez-Urrutia & Raabe, 2012a). Grain 

refinement in the m range does not seem to suppress deformation twinning, at least in Fe-

22Mn-0.6C (Gutierrez-Urrutia et al., 2010). As grain size is increased, both the YS and UTS 

decreases according to Hall-Petch relationship, while ductility increases (De Cooman et al., 

2009) while that the Hall-Petch parameters for twinning are similar to that for slip (Gutierrez-

Urrutia et al., 2010). Ueji et al. (2008) reported that fine-grained (grain size 𝑑 = 1.8𝜇𝑚 ) Fe-

31Mn-3Al-3Si high-Mn steel show high strength with adequate ductility, as shown in Fig. 1.6, 

Fig. 1.5: Effect of grain size on tensile response of Fe-22Mn-0.6C (Scott et al., 2005). 
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which differs from the case of the alloys with medium to high SFE. This observation suggests 

that the large ductility lies on not only the twinning but also in the suppressed dynamic recovery 

due to low SFE. It has been also reported that fine grain sizes may completely inhibit the 

formation of twin and martensite in low SFE materials (El-Danaf et al., 1999; Asgari, 2004; 

Mohammed et al., 2007). Furthermore, previous investigations with other fcc metals/alloys 

have suggested that the initiation of the twin requires a critical dislocation density i.e., the twin 

formation occurs after a given plastic strain and before the dislocation structure while 

investigating the grain size effects on the occurrence of deformation twins in high-Mn steels. 

 

 

 

 

 

 

 

 

 

 

 

Yoo et al. (2009) used Fe-28Mn-9Al-0.8C steel to investigate the factors affecting the 

tensile properties of high Fe-Mn-Al-C high-Mn steels. They observed that the strength 

increases and elongation decreases with decreasing grain size. The SHR of the fine-grained 

steel remained unchanged to the medium strain level but that of the coarse-grained steel 

continuously increased to a high strain level, resulting in exceptional ductility, as listed in Table 

1.1. Their steel showed exceptionally high elongation with reasonably high strength. The YS 

and UTS increased with decreasing the grain size and the opposite trend was observed for 

elongation. The product of UTS and total elongation also decreased with decreasing the grain 

Fig. 1.6: Nominal stress strain curves of the Fe-31Mn-3Al-3Si high-Mn steel after 88% 

cold rolled and subsequently annealed at 7000C (𝑑 = 1.8𝜇𝑚), 8000C (𝑑 = 7.2𝜇𝑚), or 

10000C (𝑑 = 49.6𝜇𝑚) for 1800s (Ueji., et al., 2008). 
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size in spite of the increase of strength, indicating the elongation dominated tensile 

characteristics of the steel. 

The representative engineering stress-strain curves of Fe-28Mn-9Al-0.8C steel used by 

Yoo et al., 2009 having three different grain sizes are shown in Fig. 1.7(a). The grain size effect 

on strain hardening of the Fe-28Mn-9Al-0.8C steel can be seen in the plot of SHR against true 

strain superimposed on the true stress-strain curves in Fig. 1.7(b). The strain hardening rate of 

 

 

 

 

 

 

 

 

the fine grained (5 μm) steel remained constant up to a true strain of 0.3 and then decreased. 

By contrast, the SHR of the coarse-grained (38 μm) steel was lower than that of the fine-grained 

steel at the initial stage of plastic deformation but it increased continuously with increasing 

strain up to a true strain of 0.5, reaching the value close to that of fine-grained steel. 

Table: 1.1: RT tensile characteristics of Fe-28Mn-9Al-0.8C with three different grain 

size (Yoo et al., 2009) 

dA(dAT)/μm YS/

MPa 

UTS/

MPa 

Uniform 

elongation/% 

Elongation

/% 

UTS*Elongation/MPa.% 

5(3.5) 633 955 59.8 70.9 6.7710x104 

8(6.7) 539 903 69.8 82.3 7.4317x104 

38(14) 440 843 89.3 100.3 8.4553x104 

Fig. 1.7: The representative engineering stress-stress curve of Fe-28Mn-9Al-0.8C with 

three different grain sizes tested at 250°C with the initial strain of 10-3s-1 (a), and the true 

stress-strain curves and the corresponding SHR as a function of true strain (b) (Yoo et al., 

2009). 
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Yoo & Park (2008) suggested that continuous increase of the SHR of high Mn Fe-Mn-

Al-C austenitic steel, leading to the exceptionally high elongation of 100%, is attributed to the 

formation and intersection of the microbands consisting of geometrically necessary 

dislocations, i.e. they report about microband induced plasticity (MBIP). Microbands in the 

high-Mn Fe-Mn-Al-C austenitic steel are crystallographic in nature and usually run through 

the grain. Therefore, their length scale has the same order as the grain size (Wilsdorf, 1989; 

Hughes, 1993) Accordingly, it is plausible that strain hardening by MBIP is saturated early in 

the fine-grained steel compared to the coarse-grained steel. 

1.3.3. The grain orientation of austenite 

The initial grain orientation is also reported to have a pronounced influence on twinning and 

the development of the crystallographic texture. The effect of grain orientation on twinning has 

been given three different explanations, which are outlined schematically in Fig. 1.8.  

 

 

 

 

 

 

 

 

 

According to Gutierrez-Urrutia et al. (2010) and Sato et al. (2011), the effect of the 

grain orientation observed at low strain is governed by the relative value of the Schmid factor. 

They also proposed that twinning occurs when the resolved shear stress for twinning is less 

than the critical resolved shear stress for dislocation glide: 

(𝜏𝑐)𝑡𝑤𝑖𝑛 = 𝜏𝑐𝑟𝑠𝑠 = 𝑚𝑇𝜎𝐴 < 𝜏𝐺 = 𝑚𝐺𝜎𝐴 → 𝑚𝑇 < 𝑚𝐺  (1.2) 

Where the Schmid factor has a conventional definition as the product of the cosines of 

Fig. 1.8: (a) Schematic illustrating the effect of grain orientation on deformation 

twinning according to (Gutierrez-Urrutia & Raabe, 2011; Sato et al., 2011). (b) 

Orientation range of type I and type II grain, which behave as expected on the basis of 

their Schmid factor (c) Schematic illustrating the effect of grain orientation on 

deformation twinning according to Kireeva and Chemlyakov (Kuprekova et al., 2008; 

Kireeva & Chemlyakov, 2009;) (d) schematic illustrating the effect of grain orientation 

on deformation twinning according to (Beladi et al., 2011). 
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the angles between the direction of the applied tensile stress (𝜎𝐴) 
and the slip plane normal and 

the direction of shear for a perfect dislocation (𝑚𝐺) or a partial dislocation (𝑚𝑇). This 

approach is mainly based on the observation that during uniaxial tensile deformation of high-

Mn steels, a strong 〈111〉//𝑡𝑑 and a weak 〈100〉//𝑡𝑑 fiber orientations develop and Fig. 1.9 

shows that while 〈111〉//𝑡𝑑 -oriented grains show profuse twinning, while the 〈100〉//𝑡𝑑 

oriented grains are mostly twin-free. Electron channelling contrast imaging (ECCI) technique 

was used by Gutierrez-Urrutia & Raabe (2012b) to analyze Fe-22Mn-0.6C high-Mn steel  

 

 

 

 

 

 

 

 

 

 

 

 

(SFE=22 mJ/m2), to evaluate the grain orientation dependence mechanism experimentally and 

showed that this strict Schmid law orientation dependence of slip and twinning in a tensile test 

does not hold practice. Only type I grains, which were favourably oriented for twinning due to 

their orientation very close to 〈111〉//𝑡𝑑, and type III grains, which were favourably oriented 

for dislocation glide with an orientation very close to 〈100〉//𝑡𝑑, behaved in a manner expected 

solely on the basis of their Schmid factor. Furthermore, type II grains, which cover a wide 

range of orientations unfavourable for twinning based on their Schmid factor, were also found 

Fig. 1.9: Illustration of the influence of the grain orientation of twinning in a tensile sample 

of high-Mn steel strained to 59% engineering strain. The pole figures of the individual grains 

reveal that C-grain, which has a cube ሼ100ሽ〈011〉 orientation does not contain deformation 

twins, the B- grain which has Cu ሼ112ሽ〈111〉 orientation exhibits an intermediate twinning 

behaviour, and the f-grain which has ሼ111ሽ〈112〉 (gamma fibre) orientation is heavily 

twinned. Here RD and ND denote the rolling direction and normal direction respectively 

(Gutierrez-Urrutia & Raabe, 2012b) 
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to contain deformation twins. Gutierrez-Urrutia & Raabe (2012b) associated the deformation 

twinning in these unfavourably oriented grains with stress concentrations and strain gradients 

at grain boundaries. 

 

 

 

 

 

 

 

 

 

 Beladi et al. (2011) reports that while grains with an orientation close to the Goss and 

Cube orientation were free of mechanical twins, while those having an orientation close to the 

Brass or Cu, orientations were twinned. According to Beladi et al. (2011), the nucleation and 

growth of twins requires the activation of multiple slip systems and the presence of a high stress 

resulting from dislocation pile-ups. The confirmation of the hypothesis that multiple slip 

precedes twinning is provided by Yang et al. (2006) on texture development in a Fe-33Mn-

3Al-3Si high-Mn steel during uniaxial tensile deformation. The very thin deformation twins 

formed did not contribute to texture evolution. The twinned volume was reoriented to CuT-

ሼ552ሽ〈115〉, presented in Fig. 1.10, which is an orientation favoring slip. Yang et al. (2006) 

also reported that uniaxial tensile deformation resulted in a strong 〈111〉//𝑡𝑑   and a weak 

〈100〉//𝑡𝑑 fiber orientation. Slip caused grain rotation towards the  line. They also 

noticed that tension along a 〈111〉//𝑡𝑑 type direction promoted twinning, in contrast to tension 

along 〈100〉//𝑡𝑑, which did not favor twinning 

They report that orientations near those with the highest Schmid factor for twinning did 

not twin. Grains with 〈110〉//𝑡𝑑 orientations were seldom observed to contain twins even after 

 100111

Fig. 1.10: Orientation changes within a single grain which an orientation close to 
〈111〉//𝑡𝑑 Twinning is clearly seen to give rise to a volume reorientation. The initially Cu 
ሼ112ሽ〈111〉oriented grain twins easily to a CuT-ሼ552ሽ〈115〉orientation. In this new 

orientation, slip is preferred relative to deformation twinning. ሼ111ሽ〈100〉 dislocation slip 

results in a gradual rotation of grain towards the ሼ001ሽ〈111〉 line in the basic stereographic 

triangle. The dotted line separates the orientation for which twinning and dislocation glide 

are preferred deformation mode under uniaxial tension Yang et al. (2006). 
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an engineering strain as high as 20%, despite their high Schmid factors for twinning. Yang et 

al. (2006) suggested that there were two contributions of the TWIP effect to strain hardening: 

(a) the interaction between twin variants in the 〈111〉oriented grains and (b) the dislocation-

dislocation interactions within the deformation twins, whose orientation favours dislocation 

glide. 

 

 

 

 

 

 

 

 

 

 

1.3.4. The deformation temperature 

Increasing the deformation temperature generally has the effect of decreasing the strength and 

elongation of metals Considering the treatment of Allain (2004b), the SFE of Fe-25Mn- 3Si-

3Al steel calculated by Wang et al. (2009), while emphasizing on the mechanical properties 

and the microstructure evolution between 25 − 400℃. They observed that deformation 

twinning is the dominant deformation mechanism at 25℃ ≤ 𝑇 ≤ 100℃ for 21 ≤ 𝑆𝐹𝐸 ≤ 34 

mJ/m2, while slip dominates for 𝑆𝐹𝐸 ≥ 76 mJ/m2 at elevated temperatures (𝑇 ≥ 400℃). The 

SFE value was estimated to decrease with decreasing temperature and a low SFE favored 

deformation twinning by inhibiting slip. Deformation twins formed during plastic deformation 

also behave as obstacles to dislocation movement, resulting in high strain hardening effect such 

that both high elongation and UTS can be observed at relatively low temperatures. 

Fig. 1.11: The representative engineering stress-strain curves of the coarse grained Fe-

28Mn-9Al-0.8C tested at various temperatures with the initial strain rate of 10-3s-1 (Yoo 

et al., 2009). 
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However, high-Mn steels with high Al and C contents exhibit an exceptional situation 

and that elongation does not decrease with increasing deformation temperature. Yoo et al. 

(2009) while studying the stress-strain curves of the coarse-grained Fe- 28Mn-9Al-0.8C steel  

 

 

 

 

 

 

 

 

tensile-tested with a strain rate of 10−3𝑠−1at temperatures of 25 − 400℃ reported that the YS 

in between 150 − 450℃  was sensitive to the temperature with the value lower than that at 

25℃ while the UTS decreased with increasing temperature (Fig.1.11). Their results are 

presented in Fig. 1.11 and show that except at 300℃, total elongation decreased with increasing 

Fig. 1.12: Engineering stress-strain curves of Fe-23Mn-2Al-0.2C steel at 

different deformation temperature (Qin et al., 2011). 

Fig. 1.13: Variations of the YS, tensile strength and elongation of Fe-23Mn-2Al-0.2C 

high-Mn steel with lower (a) and higher (b) deformation temperatures (Qin et al., 2011). 
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temperature. Yoo et al. (2009) confirmed that the serrated flow occurring at 300℃ is primarily 

attributed to interaction between dislocations-interstitial atoms rather than interaction between 

dislocations and substitutional atoms. Qin et al. (2011) studied the tensile deformation behavior 

of Fe-23Mn-2Al-0.2C high-Mn steel in a wide temperature range from −60℃ ≤ 𝑇 ≤ 600℃ 

(Fig. 1.12). Fig. 1.13 indicate that with increasing the deformation temperature, the strength 

and elongation to failure of the steel first decrease, then increase and finally decrease and the 

maximum values appearing at 300℃. They also revealed that the SFE of the steel increases as 

deformation temperature increased from−60℃ ≤ 𝑇 ≤ 600℃ which changed the deformation 

 

 

 

 

 

 

 

 

 

 

 

 

mechanism from twining to slipping. They also revealed using electron microscopy that high-

density deformation twins appearing at lower deformation temperatures gradually decrease 

with increasing temperature and only dislocations and dislocation cells appear in the 

microstructure at 600℃. 

The high incidence of deformation twins formed during low temperature deformation 

resulted in the high UTS and elongation of the studied steel. At 600℃ some micro-cracks 

formed at the grain boundaries, as shown in Fig. 1.14, which was accompanied by AlN 

precipitates since AlN begin to precipitate at 600℃ (Qin et al., 2011). 

1.4. A review on the grain size strengthening in high-Mn steels 

In numerous publications, the yield stress, 𝜎𝑌𝑆 of polycrystalline high-Mn steels was shown to 

follow the Hall-Petch relation, as described in Eq. (1.1) and its verification for various high-

Mn steels is shown in Fig. 1.15. The literature data on the parameters 𝜎𝑌𝑆
0  and 𝑘𝑌𝑆

𝐻𝑃 for a number  

Fig. 1.14: SEM images showing microstructure of Fe-23Mn-2Al-0.2C high-Mn steel 

tensile deformed at , "+" sign showing inclusion (Qin et al., 2011). 
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of high-Mn steels are reviewed in Table 1.2. (Dini et al., 2010; Bouaziz, et al., 2011, Scott et 

al., 2011., Sevillano & Cuevas, 2012; Shen et al., 2016; Gwon, 2017; Rahman et al., 2015). 

Table 1.2: Parameters of the Hall-Peach relations for high-Mn steels 

Alloys 𝜎𝑌𝑆
0  

MPa 

𝑘𝑌𝑆
𝐻𝑃, MPa 

 m 1/2 

Reference 

Fe-31Mn-3Al-3Si 53 764 Dini et al. (2010) 

Fe-22Mn-0.6C 137 449 Bouaziz et al. (2011) 

Fe-22Mn-0.6C 170 428 Scoot et al. (2011) 

Fe-22Mn-0.6C 157 357 Gil Sevillano & 

Cuevas (2012) 

Fe-20Mn-0.6C 158 485 Shen et al. (2016) 

Fe-17Mn-0.45C-1.5Al-1Si (Hot 

rolled) 

208 445 Gwon, (2017) 

Fe-17Mn-0.45C-1.5Al-1Si (Hot 

rolled and recrystallization annealed) 

403 445 Gwon, (2017) 

Fe-15Mn-0.7C-2Al-2Si 305 330 Rahman et al. (2015) 

Fig. 1.15: Verification of the Hall-Petch relation for various high-Mn steels (Fe-22Mn-0.6C 

(Scott et al., 2011), Fe-17Mn-0.45C (Gwon, 2017), Fe-25Mn-3Si-3Al-0.02C (Wang et al., 

2009), Fe-17Mn-0.6C (Yen et al., 2012). 
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The reported values of 𝜎𝑌𝑆
0  and 𝑘𝑌𝑆

𝐻𝑃 for polycrystalline Fe-22Mn-0.6C high-Mn steel are 132 

MPa and 449 MPa m1/2 (14.2 MPa mm1/2), respectively. However, the 𝜎𝑌𝑆
0  value given by 

Bouaziz et al. (2011) in their original manuscript seems to have some discrepancy since the 

yield stress level is significantly lower than the value calculated using the parameters from the 

same reference. Therefore, the value of 𝜎𝑌𝑆
0  for polycrystalline Fe-22Mn-0.6C steel was re-

evaluated and a revised magnitude for 𝜎𝑌𝑆
0  is 242 MPa was obtained by De Cooman et al. 

(2018), rather than 132 MPa, the value reported by Bouaziz et al. (2011). The corresponding 

critical resolved shear stress estimated was 79 MPa, assuming a Taylor factor of 3.06 (Bouaziz 

et al., 2011). De Cooman et al. (2018) have derived the following Hall-Petch equations for the 

YS and the UTS for Fe-22Mn-0.5C-0.08N as: 

𝜎𝑌𝑆(𝑀𝑃𝑎) = 219 + 
15.1𝑀𝑃𝑎 𝑚𝑚1/2

√𝑑(𝑚𝑚)
= 219 +

477.5 𝑀𝑃𝑎 𝜇𝑚1/2

√𝑑(𝜇𝑚)
 (1.3) 

𝜎𝑈𝑇𝑆(𝑀𝑃𝑎) = 754 + 
18.8𝑀𝑃𝑎 𝑚𝑚1/2

√𝑑(𝑚𝑚)
= 754 +

594.5 𝑀𝑃𝑎 𝜇𝑚1/2

√𝑑(𝜇𝑚)
 (1.4) 

Kang et al. (2016) studied the influence of the C content on the Hall-Petch coefficient 𝑘𝑌𝑆
𝐻𝑃 

using a slow cooling procedure to ensure equilibrium C segregation to the available grain 

boundary sites. They observed that 𝑘𝑌𝑆
𝐻𝑃 increased from 218 MPa m1/2 to 344 MPa m1/2 when 

the C content was increased from 0.3 mass-% to 0.6 mass-%. Two possible explanations for 

this pronounced increase of 𝑘𝑌𝑆
𝐻𝑃 was offered and that the effect may be associated either with 

an increased stress for the activation of dislocation sources in a grain when the C content is 

increased. Another suggested possibility was that an increased density of grain boundary ledges 

acting as dislocation sources (Li & Chou, 1970). The second explanation is criticized by De 

Cooman et al. (2018) as the mechanism would result in a decrease of 𝑘𝑌𝑆
𝐻𝑃 upon an increase in 

C. 

 The Hall-Petch diagram for high-Mn steels can be affected by alloying additions, as 

demonstrated in Fig. 1.16 for the case of alloying high-Mn steels with Ti, V, and Ni. The 

amount of pre-strain at during the measurements are also important, while the slope 𝑘𝑌𝑆
𝐻𝑃of the 

Hall-Petch diagram decreases with increasing strain for a-Fe and ferritic steels, it increases with 

strain for austenitic steels. The latter trend is also observed for high-Mn steels. Gil Sevillano 

(2009) and de las Cuevas et al. (2010) reported a Hall-Petch slope of about 350 MPa m1/2 for 

the YS, and a Hall-Petch slope of 630 MPa m1/2 for the UTS. The results of Wang et al. (2009) 
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for Fe-24.8Mn-0.022C-3.17Si-3.12Al validates that the Hall-Petch slope is higher for the UTS 

~ 638 MPa m1/2, while it is ~ 568 MPa m1/2 for the YS. 

 

 

 

 

 

 

 

 

 

 

 It is generally accepted that grain refinement down to the submicron grain size, 100 nm 

< d < 1 m, results, with a few exceptions, in a reduction of strain hardening and hence lowered 

uniform tensile elongation (Valiev et al., 2006; Estrin & Vinogradov, 2013). Plasticity as such 

is not suppressed, as the ultrafine grained (UFG) materials sustain a large post-uniform 

elongation in the necking region. High-Mn steels do not appear to be susceptible to a negative 

influence of small grain size on the uniform elongation. Grain growth after recrystallization 

annealing makes it possible to obtain a broad grain size range for a high-Mn steel. Ueji et al. 

(2007, 2008) reported that grain size reduction in C-free Fe-31Mn-3Al-3Si high-Mn steel (with 

SFE ~ 42 mJ/m2) resulted in a strong inhibition of deformation twinning and a significant drop 

in ductility. In fine grained high-Mn steel twinning was still prevalent in grains oriented with 

a 〈111〉 direction close to the tensile axis. Gutierrez-Urrutia et al. (2010) report that grain 

refinement did not suppress deformation twinning in a Fe-22Mn-0.6C high-Mn steel (intrinsic 

SFE ~ 23 mJ/m2) altogether, but made it more difficult. They also associated the smaller grain 

size obtained to a reduction of the twin volume fraction. Lee et al. (2012) compared the tensile 

deformation behavior of UFG C-free Fe-17Mn and Fe-17Mn-0.6C high-Mn steels with that of 

Fig. 1.16: Influence of micro-alloying additions of (a) V and (b) Ti on the Hall-Petch 

diagram for high-Mn steel (Scott et al., 2011, Gwon, 2017). 
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the C-added high-Mn steel and concluded that the grain refinement induced reduction in 

elongation was smaller for the latter. It should be noted that high-Mn steels with the grain size 

down to about 2 m still retained a large uniform elongation of approximately 50% engineering 

strain. In a recent work (Timokhina et al., 2014) the properties of a Fe-22.3Mn-0.19Si-0.14Ni-

0.27Cr-0.61C high-Mn steel deformed by equal channel angular pressing (ECAP) were 

investigated. It was shown that a good balance between strength (1702 MPa) and tensile 

elongation (24%) in the steel with a resulting UFG structure can be achieved by a suitable 

choice of the processing schedule. This was associated with the formation of deformation 

microbands and twins (including nano-twins) in the microstructure during the ECAP 

processing. 

1.5 Aims and scopes of the dissertation 

The previous discussion on the interpretation of deformation microstructure of high-Mn 

austenitic steels have clearly identified the importance of TWIP effect steels in revealing high 

strength and superior plasticity required for weight reduction of automotive structures and 

components (De Cooman et al., 2018). Until now, three types of high-Mn steels, namely, Fe-

Mn-C (Idrissi et al., 2010), Fe-Mn-Al-C (Jin & Lee, 2012) and Fe-Mn-Si-Al (Idrissi et al., 

2013) have been investigated. Among these three types, Fe-Mn-Al-C remained the most 

investigated class for possessing a good strength and ductility combination achievable through 

austenite SFE control by Al adjustment in the steel (De Cooman et al., 2018). Deformation 

twinning is profound in the coarser-grained high-Mn steels, and majority of investigations with 

high-Mn steels emphasize on the nucleation and growth of twins in coarse-grained structures, 

while similar attention has not been paid to the origin of suppression of twinning in fine-grained 

high-Mn steels. Generally, the strain hardening behavior is interpreted in terms of TWIP effect, 

overlooking the role of dislocation plasticity (De Cooman et al., 2018), while some recent 

reports indicate that the TWIP effect is overestimated (Liang et al., 2016; Luo & Huang, 2018; 

Zhi et al., 2020). 

Although the prevalence of deformation twinning in fcc metals/alloys including the 

high-Mn steels are often related to their low SFE, a second important, but poorly understood 

factor is the grain size (De Cooman et al., 2018). The grain size is generally considered to 

influence on the dislocation glide, stacking fault (SF) formation and deformation twinning (De 

Cooman et al., 2018). Interestingly, there are also reports of an unexpected influence of the 

grain size on intrinsic SFE of the material, particularly in the high-Mn steels, which could also 
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indirectly affect the twinning tendency of these steels (De Cooman et al., 2018). Volosevich et 

al. (1976) first reported about such an effect of the grain size on SFE of binary Fe-Mn alloys, 

which was later advocated by Takaki et al. (1993) and Lee and Choi (2000). Such a proposition 

is based on the grain size dependent internal stresses that cause a change in the dislocation 

dissociation width of the 
𝑎

2
〈110〉 dislocations. This is also recently validated directly using 

TRIP for high-Mn steels having different grain sizes (Chen et al., 2021). 

The contribution of the dislocations to strain hardening is often underestimated in high-

Mn steels, for they have an inherently low intrinsic SFE – ranging between 20-40 mJ/m2, which 

promotes planar slip of dislocations and suppress any cross-slip (De Cooman et al., 2018). 

However, some previous investigations on high-Mn steels having higher SFE have indicated 

the importance of dislocation plasticity for obtaining good strain hardening, indicating that 

cross-slip dominates the plasticity mechanism (Gutierrez & Raabe, 2012; Liang et al., 2016). 

Moreover, under a twinning destitute condition, various dislocation activities such as cross-

slip, organized dislocation substructure formation, etc., emerge as the prevalent factor 

controlling the deformation of such steels – either individually or collectively (Luo & Huang, 

2018). But those previous studies (Gutierrez & Raabe, 2012; Liang et al., 2016) do not deal in 

detail with the exact cause of enhancement of dislocation plasticity, as well as the conditions 

to observe suppression of twinning. Cross-slip as an important aspect of dislocation plasticity 

is generally predominant in stage C hardening, which is commonly known to be associated 

with dynamic recovery and consequent lowering in the dislocation storage capacity of the 

matrix (Friedel, 1964; Nabarro, 1967; Hirsch, 1975). However, an interesting different 

proposition concerning cross-slip is that it can also cause strain hardening by increasing the 

dislocation storage capacity of the matrix in lightly deformed crystals (Nabarro et al., 1964; 

Jackson, 1983). According to this proposition, cross-slip, if activated in the early stages of 

deformation, results in growth of dipolar and/or multipolar dislocation structures that 

subsequently transform to more complicated dislocation substructures with increasing 

deformation (Jackson, 1983). 

The existing literature emphasizing the role of dislocation plasticity over twinning in 

high-Mn steels claims that the primary deformation mode is the formation of complex 

substructures induced by cross-slip (Fu et al., 2018; Kim et al., 2019). However, the actual 

mechanisms engendering the dislocation substructure formation in high-Mn steels are still 

lacking (Kubin & Kratochvíl, 2000). In this work, we aim to clarify the mechanism underlying 



24 

 

the dislocation movements that produce cross-slip induced dislocation plasticity in a fine-

grained high-Mn steel. The objective of this dissertation is to provide fundamental insights into 

the mechanism of dislocation plasticity in high-Mn steels, reported in the literature (Luo & 

Huang, 2018; Fu et al., 2018; Kim et al., 2019) based on diffraction based characterization 

techniques like: electron channelling contrast imaging (ECCI) in a scanning electron 

microscope (SEM) having electron backscattered diffraction (EBSD) facility, X-ray line 

profile analysis (XLPA) and transmission electron microscopy (TEM); are very strong 

techniques to interpret the deformation microstructures in terms of various microstructural 

defect parameters in metals/alloys – estimated in different length scales either indirectly or 

directly. They offer true picture of the active plasticity mechanisms in the concerned system. 

In the present dissertation, EBSD, TEM and XLPA is used to investigate the defect 

substructures in a fine-grained Fe-Mn-Al-C steel (grain size ~ 5 µm), tensile strained at RT. 

The selection of grain size is based on the existing deliberation that grain refinement would 

reduce deformation twinning, while enhancing dislocation-mediated plasticity (Ueji et al., 

2008; De Cooman et al., 2018). The objective is to systematically study the evolution of 

deformed microstructures at various levels of imposed strain, while interpreting the strain 

hardening behavior of the steel and the associated plasticity mechanism(s) with an emphasis 

on the exact dislocation manoeuvrings responsible for the dislocation dominated plasticity – 

when the steel is not expected to show pronounced twinning. Furthermore, the underlying 

plasticity mechanism in the fine-grained steel is substantiated from comparison to that of a 

coarse-grained counterpart that revealed profound deformation twinning. 
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2.1 Assessment of extended defects in the microstructure and the underlying 

principles 

To study different types of lattice imperfections, there are various methods which have been 

reviewed by Bryne (1965). In the present research work transmission electron microscopy 

(TEM), electron backscatter diffraction (EBSD), X-ray diffraction (XRD) and Electron 

channelling contrast imaging (ECCI) analysis are used to interpret the deformation 

microstructure of the Fe-26Mn-1Al-0.14C high-Mn steel under different conditions. The 

underlying principles of the respective methodologies are described briefly in following 

sections. 

2.2 X-ray diffraction 

X-ray diffraction (XRD) is used to study the microcrystalline properties and the nature of 

imperfections of materials during growth and plastic deformations. X-ray diffraction is a 

scattering phenomenon. When X-rays interact with the atoms, scattering in all directions is 

occurred. Bragg derived a theory to explain the patterns which was observed when X-rays were 

scattered from crystalline materials. In this model, each plane of atoms acts as a source of 

scattered radiation and when the distance between the sources is comparable to the wavelength 

of the radiation, diffraction effect is observed. When X-rays interact with atoms, it gives rise 

to scattering in all directions; in some of those directions the scattered beams will be completely 

in phase and so reinforce each other to form diffracted beams following Bragg’s law, 

 2𝑑ℎ𝑘𝑙 𝑠𝑖𝑛 𝜃 = 𝑛𝜆       (2.1) 

 where, λ is the wavelength of X-rays directed towards the set of (ℎ𝑘𝑙) parallel planes. 𝑑ℎ𝑘𝑙 is 

the distance between identical planes in a crystal and 𝑛 is the order of reflection, 𝜃 is called 

Bragg angle where the maximum intensity occurs. Fig. 2.1 showing the schematic presentation 

of Bragg’s law. In an ideal crystal individual set of interplanar spacing 𝑑ℎ𝑘𝑙 is present for each 

crystallographic phase which produces a particular diffraction pattern at the corresponding 

Bragg angle. Some crystal impurities are always present in real crystal and an incident beam is 

not perfectly parallel and monochromatic. Due to this in real experiments broad peaks are 

observed instead of sharp lines. 

Diffraction line profile analysis is one of the important applications of powder 

diffraction to study the nature of crystal imperfections. It is known from XRD studies that 



 

31 

 

 

 

 

 

 

 

 

 

plastic deformation induces broadening of the XRD profiles and when the sample is more and 

more deformed, the peak broadening increases. Broadening of line profiles causes mainly due 

to small crystallite size, microstrain inside the crystallites and SFs. Some instrumental 

parameters like slit widths, sample size, penetration in the sample, imperfect focusing, 

unresolved 𝛼1 and  𝛼2 peaks etc. are also responsible for some extraneous broadening of the 

line profile. These extraneous sources of broadening are called “instrumental broadening”. 

Scherrer (Scherrer, 1918) proposed the idea of determination of crystallite size from X-ray line 

profile and reported that the line breadth is inversely proportional to the size of the crystallites 

according to the equation, 

𝛽 =  
𝐾𝑠𝜆

𝐷 𝑐𝑜𝑠 𝜃
        (2.2) 

known as Scherrer formula, where 𝜆 is the X-ray wavelength, 𝛽 is the line breadth, 𝜃 

is the Bragg angle, 𝐾𝑠 is Scherrer constant (1.0 > 𝐾𝑠 > 0.89) and 𝐷 is an apparent crystallite 

size, depends on the measure of breadth, the direction of ℎ𝑘𝑙 planes and the shape of the 

crystallite size. From Eq. (2.2) the length of crystal in the direction of the diffraction planes 

can be measured and this equation shows that size broadening is independent of the order of 

reflection. In the Scherrer formula instrumental broadening is totally neglected. This formula 

is not valid for the study of crystals where the strain broadening is present. Due to these all 

disadvantages Scherrer formula is used in some simple cases where the crystals size is less than 

hundred angstroms and line broadening is due to this small crystal size. 

Fig. 2.1: Schematic representation of the Bragg’s law.  
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Various physicists have shown that the broadening arising from microstrain, 𝜀𝐿   

depending on the Bragg angle and the order of reflection. So the corresponding line breadth 

due to strain is  

 𝛽 = 4𝜀𝐿  𝑡𝑎𝑛 𝜃        (2.3) 

From this Eq. (2.3) we can calculate the microstrain parameter, 𝜀𝐿  . Polycrystalline 

samples show noticeable variations in crystallite size with grains including dislocation 

networks, SFs, twin planes and other lattice faults. The interpretation of the peak broadening 

is difficult due to these distortions. In general, the Scherrer equation produces large values of 

coherently diffracting domains. However, the Scherrer equation established the first relation 

between microstructural properties of samples and their Bragg reflection profile. The use of 

some of the more advanced techniques briefly presented in the following sections. 

2.2.1 Integral Breadth Method 

Integral Breadth method is an oldest method to determine crystallite size and microstrain. 

Scherrer (1918) described the breadth of a diffraction line, as its angular width in radians at a 

point in time when the intensity has fallen by half of its maximum value. In 1926, von Laue 

defined a diffraction line's breadth (𝛽), as the integrated intensity of the line profile above the 

background divided by the peak height. 

 𝛽 =  
1

𝐼𝑝
∫ 𝐼(2𝜃) 𝑑ℎ𝑘𝑙(2𝜃)      (2.4) 

In integral breadth method the separation of size and strain broadening of integral 

breadth depends on the shape of the broadening profile due to each effect., It is considered, the 

broadening is occurred due to lattice strain if the crystallite size 𝐷 ≥ 10−4cm. If the broadening 

is due to crystallite size and lattice distortion both and shapes of their individual profiles are 

known, the separation of crystallite size and microstrain can be done. If size and strain 

broadening are present, total integral breadth of a Bragg peak is the summation of size and 

strain broadening 

 𝛽 =  𝛽𝑠 + 𝛽𝐷        (2.5) 

where, 𝛽𝑠  is the size-broadening integral breadth, and 𝛽𝐷 strain broadening integral 

breadth. As a result of the distinct dependences between both effects, Williamson and Hall 
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(1953) were able to segregate the effects of size and strain broadening in their analysis and the 

equation can be written as 

 𝛽2𝜃 = 
𝐾𝑠 𝜆

〈𝐷〉 𝑉 𝑐𝑜𝑠 𝜃
+  2𝐾𝐷𝜀𝐿 𝑡𝑎𝑛 𝜃     (2.6) 

Where, 𝐾𝑠 is the Scherrer constant. The integral breadth 𝛽 can now be modeled 

numerically as a function of scattering angle 2𝜃 and the course of 𝛽(2𝜃) can be fitted with the 

model function in Eq. (2.6) and thereby from the fit parameters, 〈𝐷〉 and 𝜀𝐿   are obtained. 

Multiplying both sides of Eq. (2.6) by 
𝑐𝑜𝑠 𝜃

𝜆
 yields 

 𝛽2𝜃
𝑐𝑜𝑠 𝜃

𝜆
= 

𝐾𝑠 

〈𝐷〉𝑉
+  2𝐾𝐷𝜀𝐿

2 𝑠𝑖𝑛 𝜃

𝜆
     (2.7) 

This equation shows that the plot of 
𝛽 cosθ

λ
 versus 

2 𝑠𝑖𝑛 𝜃

𝜆
 should give a straight line and 

from the intercept of the line, the average crystallite size 〈𝐷〉 can be determined and strain 

𝜀𝐿  determined from slope. This graph is generally named the Williamson-Hall plot. The 

Williamson-Hall plot according to Eq. (2.7) should be taken with caution due to the various 

anisotropies that may be associated with the microstructure of the sample. There is a significant 

scatter of the data around an ideal Williamson-Hall line which comes from the anisotropy. 

2.2.2 Fourier analysis: determination of coherent domain sizes and r.m.s. strains 

In imperfect crystal the Fourier method of peak-shape analysis by Warren-Averbach (WA) 

technique is a very general and prevailing method of analyzing peak broadening due to size 

and strain. Fourier method play an important role in X-ray diffraction analysis. We can express 

the power distribution as a Fourier series (Warren, 1969): 

𝑃𝑖(∆𝐾) = 𝑁 ∑ 𝐴(𝐿𝐾𝑖
+𝛼

𝐿=−𝛼
) cos(2𝜋𝐿∆𝐾) + 𝐵(𝐿𝐾𝑖)sin (2𝜋𝐿∆𝐾)  (2.8) 

where, 𝑁 is (approximately) a constant, 𝐴 and 𝐵 are cosine and sine Fourier coefficients and 𝐿 

is the distance perpendicular to the diffracting planes. In practice, 𝐿 takes specific discrete value 

𝑛∆𝐿, where 𝑛 is an integer and ∆𝐿 is inversely proportional to the length of the measurement 

range in the reciprocal space. The line profile according to Eq. (2.8) is defined with respect to 

a distance 𝐾𝑖 to the origin in reciprocal space, related to the diffraction angle 2𝜃𝑖, by 𝐾𝑖 =

2𝑠𝑖𝑛𝜃𝑖/𝜆, where 𝜆 is the wavelength. The deviation from 𝐾𝑖 is denoted by Δ𝐾, where. Δ𝐾 =

2(𝑠𝑖𝑛𝜃 − 𝑠𝑖𝑛𝜃𝑖)/𝜆. Usually for 2𝜃𝑖 the location of the centroid of the line is chosen. Any pair 
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of line profile 𝑃1 and 𝑃2 with 𝐾2 = 2𝐾1 is called a first and second order reflection. As the sine 

coefficients are not physically interpreted (Mittemeijer & Delhez, 1978; Ungar et al., 1989), 

only the cosine Fourier coefficients 𝐴(𝐿𝐾𝑖) are considered. 

2.2.3 The Warren-Averbach analysis 

It is considered that the distribution of X-ray intensity measured from a structurally imperfect 

specimen is related to the structurally broadened line profile and an instrumental line profile. 

Fourier coefficients of the measured profile are also the combination of Fourier coefficient of 

the structural and instrumental line profiles. Using a 'standard' specimen free of lattice defects, 

the instrumental profile can be measured. According to Stokes, the Fourier coefficients of the 

structurally broadened line profile are obtained (Stokes, 1948) by convoluting Fourier 

coefficients of the line profiles of the imperfect specimen and the 'standard' specimen. It is 

possible to treat two broadened line profiles analogously if no standard specimen is available, 

by defining the profile with a smaller broadening as the instrumental profile. Thus, resultant 

Fourier coefficients reflect the differences in lattice imperfection (crystallite size and 

microstrain). 

For a structurally broadened line profile the Fourier cosine coefficients can be written 

as the products of two coefficients, the two coefficients are order-independent size coefficients 

𝐴𝑠(𝐿) and order-dependent strain coefficients 𝐴𝑑(𝐿, 𝐾𝑖) (superscript 𝑠 for size and 𝑑 for 

distortion). It is assumed that the specimen is consist of columns parallel to the diffraction 

vector. If 𝐷 is the column length and 𝜌(𝐷) is the column length (size) distribution, 𝐴𝑠(𝐿) is 

determined by 𝜌(𝐷). The average column length (size) is represented by 〈𝐷〉. Now if 𝜌(𝜀𝐿) is 

the strain distribution, where 𝜀𝐿 is the average of the true (local) strain 𝜀0 over a length 𝐿, 

𝐴𝑑(𝐿, 𝐾𝑖) is determined by 𝜌(𝜀𝐿). Column length distribution and strain distribution are 

normalized to unit area. In summary (Warren, 1959): 

𝐴(𝐿, 𝐾𝑖) =  𝐴𝑠(𝐿) 𝐴𝑑(𝐿, 𝐾𝑖),      (2.9) 

𝐴𝑠(𝐿) =
1

〈𝐷〉
∫ (𝐷 − |𝐿|

∝

|𝐿|
) 𝜌(𝐷)𝑑𝐷     (2.10) 

𝐴𝑑(𝐿, 𝐾𝑖) = ∫ 𝜌(𝜀𝐿)
∝

∝
 cos (2𝜋𝐿𝐾𝑖𝜀𝐿)𝑑𝜀𝐿    (2.11) 

At least two orders of reflections have to be measured to know statistics of 𝐴𝑠(𝐿) and 

𝐴𝑑(𝐿, 𝐾𝑖) separately. 𝐴𝑠(𝐿) and/or 𝐴𝑑(𝐿, 𝐾𝑖) has to be stated by making some assumption on 
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𝜌(𝐷) and 𝜌(𝜀𝐿). The latter can be accomplished in various ways, resulting in different 

separation methods. In practice, one must choose the separation method that best suits the 

specimen to be studied. 

An approximation is used in the WA analysis for the 𝐾𝑖 dependence of 𝐴𝑑(𝐿, 𝐾𝑖). By 

Taylor-series expansion for small 𝐿 and 𝐾𝑖 it can be expressed (Warren & Averbach, 1950; van 

Berkum et al.,1994). 

𝑙𝑛 ⌊𝐴𝑑(𝐿, 𝐾𝑖)⌋ ≅  −2𝜋2𝐿2𝐾𝑖
2〈𝜀𝐿〉 ≅ (𝐾𝑖/𝐾1)

2𝑙𝑛 ⌊𝐴𝑑(𝐿, 𝐾1)⌋ (2.12) 

where, 𝜀𝐿 is the mean squared strain. Eq. (2.12) is exact for all values of 𝐿 and 𝐾𝑖 if all 𝜌(𝜀𝐿). 

are Gaussian (Warren & Averbach, 1950). The more the 𝜌(𝜀𝐿) deviate from being Gaussian, 

the smaller the range in 𝐿 for which Eq. (2.12) is valid.  

According to Warren (Warren & Averbach, 1952), from Eq. (2.12) and the order 

independence of. 𝐴𝑠(𝐿) the WA analysis can be written as: 

𝑙𝑛 [𝐴(𝐿, 𝐾𝑖)] = 𝑙𝑛 [𝐴𝑠(𝐿] − 2𝜋2𝐿2𝐾𝑖
2〈𝜀𝐿

2〉    (2.13) 

For the sake of comparison with the other separation method, the following form of the basic 

equation for the WA analysis is favored: 

 𝑙𝑛 [𝐴(𝐿, 𝐾𝑖)]  =  𝑙𝑛 [𝐴𝑠(𝐿] − (𝐾𝑖/𝐾1)
2 𝑙𝑛 [𝐴𝑑(𝐿, 𝐾𝑖]  (2.14) 

From intercept of the plot of 𝑙𝑛 [𝐴(𝐿, 𝐾𝑖)] versus (𝐾𝑖/𝐾1)
2,  the size Fourier coefficients are 

obtained and from the slopes the strain Fourier coefficients of the profile 𝜌1are obtained. Mean 

squared strain 〈𝜀𝐿
2〉 can be calculated from 𝐴(𝐿, 𝐾𝑖) using Eq. (2.12) if the application of the 

WA analysis is acceptable. 

2.2.4 The modified Williamson-Hall and Warren-Averbach analyses 

The scatter in the conventional Williamson-Hall plot is caused by strain anisotropy of elastic 

constants were addressed by Ungar and coworkers through the use of dislocation contrast 

factors (𝐶ℎ̅𝑘𝑙) for the different representative Bragg reflections (ℎ𝑘𝑙) in the analysis scheme. 

This approach is commonly referred to as the modified Williason-Hall and WA analyses and 

is based on the assumption that microstrain arises from screw and edge dislocations of equally 

populated glide systems. The average contrast factors (𝐶ℎ̅𝑘𝑙) for different Bragg reflections 
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(ℎ𝑘𝑙) were further used in the modified W-H plot (Ungar et al., 1998a; Sahu et al., 2012) and 

in the modified W-A procedure (Ungar et al., 1998; Sahu et al., 2012) to determine the 

dislocation densities (𝜌), the effective outer cut-off radius (𝑅𝑒) of dislocations and the 

dimensionless quantity, 𝑀 = 𝑅𝑒√𝜌. The parameter 𝑅𝑒 indicates the range over which the 

distribution dislocation could be assumed as random, while 𝑀 represents their dipole character, 

whose smaller or larger than unity value indicate a stronger or weaker dipole character, 

respectively (Wilkenns, 1970; Ungar et al., 1998a). The full-width-at-half-maximum (FWHM) 

of the Bragg reflections were obtained using a pseudo-Voigt function fitting according to Enzo 

et al. (1988), could be substituted into the W-H equation as (Williason & Hall, 1953): 

 ∆𝐾 =
0.9

𝐷
+ ∆𝐾𝐷          (2.15) 

where, 𝐾 =  
2𝑠𝑖𝑛𝜃

𝜆
 is the magnitude of the diffraction vector, ∆𝐾 =  

2𝑐𝑜𝑠𝜃

𝜆
∆𝜃 is the FWHM,  𝜃 

and 𝜆 represent the Bragg angle and wavelength of the X-rays used, respectively. 𝐷 is the 

average crystallite size and ∆𝐾𝐷 is the strain contribution to X-ray peak broadening. Further 

invoking the concept of dislocation contrast factors, Ungar et al. (1998a) suggested that the 

conventional W-H equation be modified in terms of the scaling factor 𝐾2𝐶ℎ̅𝑘𝑙 as: 

 ∆𝐾 =
0.9

D
+ (

𝜋𝑀2𝑏2

2
)
1/2

𝜌1/2𝐾𝐶ℎ̅𝑘𝑙
1 2⁄

+ 𝑂(𝐾2𝐶ℎ̅𝑘𝑙)    (2.16) 

 wherein, 𝜌 and 𝑏 represent the dislocation density and the magnitude of the Burgers 

vector, respectively. 𝑂 represents higher order terms in 𝐾2𝐶ℎ̅𝑘𝑙. Higher order terms of quadratic 

Eq. (2.16) is neglected and after squaring Eq. (2.16), the following equation is obtained: 

 [(∆𝐾2) − 𝛼]/𝐾2  =  𝛽 𝐶ℎ̅𝑘𝑙        (2.17) 

where, α = (0.9/D)2 and β = 
𝜋𝑀2𝑏2 𝜌

2
. It is established for cubic crystals that the average contrast 

factors of dislocations, 𝐶ℎ̅𝑘𝑙, corresponding to the Bragg reflections (ℎ𝑘𝑙) is given by (Ungar 

et al., 1999): 

 𝐶ℎ̅𝑘𝑙 = 𝐶ℎ̅00(1 − 𝑞𝐻2)         (2.18) 

 where, 𝐶ℎ̅00 is the average contrast factor for ℎ00 type of Bragg reflection, derived from 

the elastic constants of the crystal, while 𝑞 determines the screw or edge character of 

dislocations and 𝐻2 is defined as: 
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 𝐻2 = (ℎ
2𝑘2+𝑘2𝑙2+𝑙2ℎ2)

(ℎ2+𝑘2+𝑙2)
2          (2.19) 

Using Eq. (2.18) in Eq. (2.17), Eq. (2.16) for modified W-H plot further reduces to: 

 [(∆𝐾2) − 𝛼]/𝐾2 =  𝛽𝐶ℎ̅00(1 −  𝑞𝐻2)       (2.20) 

Hence, the coefficient of 𝐻2 in Eq. (2.20) gives the value of the parameter 𝑞. For austenite 

Ungar et al. (1999) reported that the values of 𝑞 for pure edge and screw dislocations are 1.71 

and 2.46, respectively. From Eq. (2.20) the 𝑞 values of austenite are obtained. The 𝑞 values are 

used to estimate the fractions of edge and screw dislocations in this microstructure according 

to following equation (Garabagh et al., 2008): 

 𝑓𝛾(𝑒𝑑𝑔𝑒) =
(2.46−𝑞𝛾)

(2.46−1.71)
         (2.21) 

 𝑓𝛾(𝑠𝑐𝑟𝑒𝑤) = 1 − 𝑓𝛾(𝑒𝑑𝑔𝑒)        (2.22) 

where, 𝑓𝛾(𝑒𝑑𝑔𝑒) and 𝑓𝛾(𝑠𝑐𝑟𝑒𝑤) signify the fraction of the edge and screw dislocations within the 

austenite microstructure, respectively. 

 The concept of average contrast factor is then utilized for the real part of the Fourier 

coefficients,  in the modified W-A equation as (Ungar et al., 1998a): 

 ln 𝐴(𝐿) ≅ ln𝐴𝑠 (𝐿) −  𝜌
𝜋𝑏2

2
𝐿2 ln (

𝑅𝑒

𝐿
) (𝐾2𝐶ℎ̅𝑘𝑙) + 𝑄(𝐾4𝐶̅2

ℎ𝑘𝑙)  (2.23) 

where, 𝐴𝑠(𝐿) are the size Fourier coefficients of the peak profile, 𝐿 is the Fourier variable. 

Neglecting the higher order terms of 𝐾2𝐶ℎ̅𝑘𝑙 in Eq. (2.23), ln 𝐴(𝐿) becomes a function of 

𝐾2𝐶ℎ̅𝑘𝑙. Thus, the real part of the Fourier coefficients derived from the fitting of the individual 

diffraction profiles may be plotted for various 𝐿 values, whose slope (𝑌) in the linear region 

can be approximated as 𝜌
𝜋𝑏2

2
𝐿2 ln (

𝑅𝑒

𝐿
) and further rearrangement of the slope in Eq. (2.23) 

leads to: 

 
𝑌(𝐿)

𝐿2 =  𝜌
𝜋𝑏2

2
ln(𝑅𝑒) − 𝜌

𝜋𝑏2

2
ln(𝐿)       (2.24) 

Eq. (2.24) is thus identical to 𝑦 = 𝑚𝑥 + 𝑐, yielding a linear relationship between 
𝑌(𝐿)

𝐿2  and ln(𝐿), 

wherein, the dislocation density (𝜌) and the effective outer cut-off radius (𝑅𝑒) of dislocations 

   

A L( )
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are directly determined from the slope and intercept of Eq. (2.24), respectively.  

2.2.5 The consideration of stacking and twin faults 

To study the effects of SFs in the microstructure of a deformed material, X-ray diffraction is a 

powerful device. Barrett (1952) first suggested that SFs could be formed in the close-packed 

fcc metals as a result of cold work, which is the cause of certain changes in the observed XRD 

pattern. Paterson (1952) presented that for fcc metals, peak shift and twin or growth faults 

produce asymmetry broadening and deformation faults produce symmetric broadening. For 

handling SF problem, the difference equations method, which leads to the expression for the 

probability of mth neighbour layer is the same or different from the original layer, was formerly 

used by Wilson (1942) and then by Paterson (1952). Gevers (1954a) gives the difference 

equation for combined effect of growth and deformation faults. Warren assumed that for fcc 

structure the probabilities for both faults are sufficiently small and gives a simplified form of 

Gevers (1954b) technique. The peak position shift, peak asymmetry and peak broadening 

effects contribute to the two fault probabilities namely, SFs (𝑃𝑠𝑓) and twin fault (𝑃𝑡𝑤).  

The shift in peak position of a cold worked material from its annealed specimen is 

mainly due to combined effect of SFs, change in lattice parameter (∆𝑎 𝑎0⁄ )and long range 

residue stress. Considering faulting as the predominant factor for peak shift the stacking fault 

probability (𝑃𝑠𝑓) is obtained from peak shift analysis of the relative peak shifts of neighboring 

pairs of profiles taking the corresponding annealed samples as standard. The equation used can 

be written as 

𝛿(∆2𝜃)ℎ𝑘𝑙
ℎʹ𝑘ʹ𝑙ʹ = 𝐴ℎ𝑘𝑙

ℎʹ𝑘ʹ𝑙ʹ((∆𝑎 𝑎0⁄ )     (2.25) 

Where, 

𝛿(∆2𝜃)ℎ𝑘𝑙
ℎʹ𝑘ʹ𝑙ʹ = ∆(2𝜃)ℎ𝑘𝑙 − ∆(2𝜃)ℎʹ𝑘ʹ𝑙 = (2𝜃ℎ𝑘𝑙 − 2𝜃ℎʹ𝑘ʹ𝑙)𝑐𝑤 − (2𝜃ℎ𝑘𝑙 − 2𝜃ℎʹ𝑘ʹ𝑙)𝑎𝑛𝑛    (2.26) 

is the comparative peak shifts of the neighbouring pairs of reflections ℎ𝑘𝑙 and ℎʹ𝑘ʹ𝑙ʹ from cold 

worked and annealed profiles. 

In the absence of an annealed specimen of the same composition free from SFs, another 

novel approach for determining the values of 𝑃𝑠𝑓 exists, which has been adopted by several 

researchers to calculate 𝑃𝑠𝑓 in different austenitic steels (Tolonen & hanninen, 2007; Huang et 
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al., 2008). In this approach, Bragg’s law is combined with the Warren’s treatment (Warren, 

1969) to determine the angular position of the faulted austenite diffraction lines as: 

2𝜃ℎ𝑘𝑙 =  2𝑎𝑟𝑐𝑠𝑖𝑛 (
𝜆

2𝑑ℎ𝑘𝑙
) +

90√3 𝑃𝑠𝑓𝑡𝑎𝑛𝜃ℎ𝑘𝑙

𝜋2ℎ0
2(𝑢+𝑏)

∑(±)𝐿0   (2.27) 

where, 𝜃ℎ𝑘𝑙 is the angular position of austenite (ℎ𝑘𝑙) reflection, 
1

𝜋2ℎ0
2(𝑢+𝑏)

∑(±) 𝐿0 is a constant 

specific to each austenite (ℎ𝑘𝑙) reflection, the values of which are available in the literature 

(Warren, 1969). 𝑑ℎ𝑘𝑙 is the faulted interplanar spacing of the austenite (ℎ𝑘𝑙) planes, can be 

further written in terms of faulted austenite lattice parameter (𝑎) as: 𝑑ℎ𝑘𝑙 =
𝑎

√ℎ2+𝑘2+𝑙2
. and 𝜆 

is wavelength of X-ray used. Subsequently, the set of linear equations for each Bragg reflection, 

represented by Eq. (2.27) can be solved to estimate the 𝑃𝑠𝑓. The effect of long-range residual 

stress on the direction dependent diffraction line shifts was insignificant and its contribution 

was assumed to be zero in Eq. (2.27). 

2.3 Transmission electron microscopy 

TEM is the most commonly used technique for the microstructural characterization of 

materials. It is widely used for imaging crystal defects in crystals namely, dislocations, SFs, 

twin, grain boundaries and voids. It is a direct observation method, helps to study the defects, 

as well as their nature, configuration, etc. For all crystal defects the imaging principle and 

underlying contrast formation mechanism are the same, which basically exploits the effect of 

their strain fields on electron scattering. Different modes of imaging of dislocations in TEM is 

presented briefly in the next sections. 

2.3.1 Contrast in transmission electron microscope 

Based on contrast mechanism working for their image formation, TEM offers two modes of 

imaging. These two contrast formation mechanisms are phase contrast and diffraction contrast. 

High resolution TEM (HRTEM) image is formed according to phase contrast mechanism in 

which columns of atoms parallel to electron beam are imaged end-on. Missing planes and the 

core structure of dislocations are imaged with HRTEM. It can identify planes placed as close 

as 0.2 nm apart (Li, 2009). HRTEM is, however, applicable to a limited number of problems, 

because it requires dislocation line to be straight and parallel to the electron beam and its core 

remains same over its entire length (Li, 2009; William & Carter, 2009). Therefore, imaging of 

dislocations with HRTEM is mostly restricted to dislocations with planar core structures as in 
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the case of covalent crystals and usage of HRTEM in the studies of metallic materials is very 

minimal. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Diffraction contrast imaging of dislocations exploits the effect of strain fields in Bragg 

diffraction condition. The presence of a dislocation in a lattice causes atomic planes to bend, 

particularly at regions close to the core. For imaging, the specimen has to be first tilted into a 

two-beam condition, exciting a strong diffraction vector g⃗  from only a specific set of ℎ𝑘𝑙 

planes, other than the direct (transmitted) beam. It is then tilted slightly away from the exact 

Bragg condition (i.e. with some excitation error or deviation, 𝑠 > 0) so that distorted planes 

near the core of dislocation are brought into the Bragg condition while regions distant from the 

Fig. 2.2: Schematic depicting distorted planes close to the dislocation core diffracting into 

g⃗  and −g⃗ . This condition is achieved when the specimen, in general, is tilted slightly away 

from the Bragg condition 𝑠 = 0 to bring distorted planes near the core into exact Bragg 

condition 𝑠 = 0. Lower diagram depicts intensity profiles of the dislocation contrast 

displaced away from its projected position when imaged with −g⃗  reflection. (b) Ewald 

sphere geometry for two beam diffraction condition with 𝑠 = 0 and 𝑠 < 0. Lines shown 

are Kikuchi lines which arise from inelastically scattered electrons (William & Carter, 

2009). A pair of Kikuchi lines comprises an “excess” and a “deficient” line. These lines 

help in setting up the Bragg’s condition. When 𝑠 > 0 Kikuchi lines are on the same of 

side of as g⃗  as O; when 𝑠 > 0 the lines are on the opposite side of g⃗ . 
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dislocation core are tilted away, as shown in Fig. 2.2. Some scattered intensity from regions 

not at the exact Bragg condition may still be visible due to streaking or broadening of Bragg 

peak due to size effect. The contrast of dislocation image is determined by g⃗ . 𝑅⃗  where 𝑅⃗  is the 

lattice distortion vector. For a pure screw dislocation, 𝑅⃗   is directly proportional to 𝑏 Thus, an 

analysis of the g⃗ . 𝑏⃗  condition can be correlated to the observed contrast condition of 

dislocations. Screw dislocations with g⃗ . 𝑏⃗ = 0 do not produce any strain contrast, as the 

diffracting planes are parallel to 𝑅⃗  . This is known as the “invisibility” criterion for dislocations. 

For edge dislocations the condition, g⃗ . 𝑏⃗ × 𝑢⃗ = 0 (𝑢⃗  is the line direction) also has to be satisfied 

as the displacement field of an edge dislocation causes buckling of the glide planes. Images 

formed by diffraction contrast are asymmetric. The location of the diffracted intensity relative 

to the core depends on the signs of and deviation g⃗ , 𝑏⃗  parameter 𝑠. If any sign is reversed, the 

contrast shifts across the core. 

The two modes of imaging dislocations are namely the bright field (BF) and the dark 

field (DF) depending upon whether the transmitted beam or the diffracted beam is chosen for 

constructing the image. In the BF mode, dislocations appear in dark contrast on a bright back 

ground, while they appear in bright contrast on a dark background in the DF mode. The 

dislocation contrast appears only due to the operating diffraction vector and the area that 

appears dark/bright in the BF/DF images are areas where the ℎ𝑘𝑙 planes are at the Bragg 

condition. The nature of dislocations (i.e. edge, screw, or mixed nature) can be identified by 

TEM analysis, along with the glide plane. Diffraction contrast imaging can also disclose 

features such as, jogs or kinks, and the interactions of dislocations with other dislocations or 

lattice defects. Diffraction contrast imaging has revealed the existence of unusual defects like 

SF tetrahedron, faulted dipoles, and multipoles (William & Carter, 2009). 

Mainly in elastically anisotropy materials diffraction contrast of dislocations can be 

blocked out by the dynamical scattering of the intense diffracted beam. Due to this the analysis 

of closely separated dislocations gets limited, as in the case of super dislocations of 

intermetallics. Here the computer simulation of dislocation contrast is required to interpret the 

experimentally observed diffraction contrast. Further, the Burgers vectors associated with 

perfect translations in ordered phases are generally integral multiples of Burgers vectors of 

lattice dislocations in the corresponding disordered phases. The invisibility criterion, g⃗ . 𝑏⃗  

satisfied by dislocations with a Burgers vector 𝑏⃗  would as well be satisfied by dislocations with 
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Burgers vectors given by an integral multiple of 𝑏⃗ . Therefore, the magnitude of the Burgers 

vector of dislocations in ordered phases cannot be explicitly determined with the use of 

invisibility criterion alone. In these scenarios too, the computer simulation of dislocation 

images (Singh et al., 1988) can help to determine the magnitude of Burgers vector. 

Diffraction contrast imaging is particularly useful in the in-situ deformation studies, 

where, to evaluate the development of dislocation structures a special cognizance of dislocation 

reactions required. Miniaturised tensile samples (less than 3mm in gauge length) are strained 

in the microscope and dislocation movements, dislocation-dislocation interaction, its 

interactions with other defects and the multiplication processes occurring during the plastic 

deformation are observed and recorded in real time. In-situ experiments are a powerful method 

of studying micro-processes that control dislocation mobility. The direct measurement of 

parameters such as, density of mobile dislocations, kinetics of movements or events, 

measurement of activation volume can be done by in-situ experiments It is possible by this 

technique to observe metastable core configurations that exist only under stress. Finally, this is 

the only technique in which the direct observation can be made of processes like dislocations 

overcoming obstacles such as, precipitates, interfaces, etc. 

2.3.2 Weak Beam Transmission Electron Microscopy 

Weak beam (WB) Transmission Electron Microscopy is a special case of diffraction contrast 

imaging in which weakly excited reflections are used for imaging. It is called WB because the 

intensity of the diffraction spot working for imaging is very weak when averaged over the 

imaging area. By locating the crystal orientation far away from the Bragg condition (i.e. 𝑠 >

0) in the two beam condition, the WB condition is obtained. The diffraction condition in which 

the specimen is tilted to a 3g WB condition is shown schematically in Fig. 2.3. 

In this condition using the g⃗  vector in DF imaging dislocations are imaged as bright and 

sharp lines with negligible intensity everywhere else. Firstly, the regular two-beam condition 

is set up for WB imaging and then the specimen is tilted to a large value of deviation, 𝑠.The 

average intensity decreases at a rate of 
1

𝑠2 as 𝑠 increases and the diffraction beam looks as a 

weak spot (William & Carter, 2009). Due to large 𝑠, the excitation distance will be small and, 

thus, sharp and narrow images of dislocations are formed. Unlike conventional DF imaging, 

the positions of dislocations imaged under WB are well defined with respect to their cores. In 

the WB condition the resolution is limited by the minimum volume of crystal (set locally in 
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Bragg orientation) that causes constructive interference (William & Carter, 2009). Dislocation 

pairs as close as ~1.5 nm can be resolved by using WB imaging (Veyssier, 1991). 

 

 

 

 

 

 

 

 

 

 

 

In intermetallic alloys the WB technique is mostly useful for reviewing finely separated 

dislocations, where distances between dislocation pairs are very small (of the order of nm). 

There are some advantages of WB imaging, its low sensitivity to foil thickness and position of 

dislocations in the sample, and, as compared to DF imaging there is the lower uncertainties in 

elastically anisotropic crystals, which is affected by dynamical scattering. As fine structures of 

dislocations can be resolved by using WB imaging, this characterization of dislocations has 

become popular. 

As a typical TEM sample only characterizes a maximum volume of about 10-5 mm3, 

questions arise about the reliability of TEM analysis in predicting deformation mechanisms 

when bulk material is taken. According to Veyssier (1991) a rough estimation of the defect 

density in TEM samples can be made. Assuming that the density of dislocations is of the order 

of 109 cm-2 in a sample deformed to a permanent strain of 1%, this implies that to describe the 

entire deformation process only about a few centimetres of dislocation length can be examined 

and out of which, a small fraction of dislocations are analyzed (i.e., slip plane, Burgers vector 

dislocation reaction, etc.) to characterize the entire deformation process. 

Fig. 2.3: Ewald sphere and positions of Kikuchi lines for the diffraction 

conditions. (William & Carter, 2009). 
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TEM delivers the most wide-ranging and detailed analysis of the deformation behavior 

and the nature of dislocations. It is the only tool that can disclose uncommon slip systems and 

deformation processes that often occur in many alloy systems. Its imaging capabilities are 

better than other techniques, while the others may only compliment it by sampling larger 

volumes of the specimen. 

2.4 Electron Backscatter Diffraction 

Electron Backscatter Diffraction (EBSD) is an analysis technique based on scanning electron 

microscope (SEM) used to obtain crystallographic orientation with sub-micron spatial 

resolution and also to get phase information of the material. The EBSD’s image is based on the 

Kikuchi diffraction patterns obtained in a TEM (Nishikawa & Kikuchi, 1928a, 1928b; Joy & 

Booker, 1971; Venables & Harland, 1973; Dingley, 1984) and the introduction of the Hough 

transform for interpretation of the obtained images (Schmidt et al., 1991; Lassen et al., 1992; 

Lassen, 1996). In EBSD accelerated electrons in the primary beam of a SEM can be diffracted 

by atomic layers in crystalline materials. These diffracted electrons can be detected when they 

impinge on a phosphor screen and generate visible lines, called Kikuchi bands, or "EBSP's" 

(electron backscatter patterns). These patterns are effectively projections of the geometry of 

the lattice planes in the crystal, and they give direct information about the crystalline structure 

and crystallographic orientation of the grain from which they originate. When used in 

conjunction with a data base that includes crystallographic structure information for phases of 

interest and with software for processing the EPSP's and indexing the lines, the data can be 

used to identify phases based on crystal structure and also to perform fabric analyses on 

polycrystalline aggregates. 

In the EBSD experiment, a highly flat crystalline specimen with well-polished surface 

is placed in the SEM chamber. To increase the contrast in the resultant EBSD pattern the 

electron beam should hit the sample at a grazing angle nearly 20 degrees, i.e, the sample-

carrying stage is inclined at 70 degrees (Fig. 2.4) Diffraction occurs on the specimen at the 

point of incidence of the electron beam which undergoes an acceleration voltage of 10-30 kV 

using and incident current of 1-50 nA. The EBSD pattern emerges spherically from the point 

of incidence with a stationary beam. This primary beam interacts with the crystal lattice, as a 

result of it the electrons which were backscattered with little loss of energy are channelled and 

made to cross different paths. This results constructive and destructive interference.  
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The detector is actually a charge-coupled device (CCD)–type camera equipped with a 

phosphor screen integrated with a digital frame grabber. The camera resides on a horizontally 

mounted motorized carriage. It is inserted to within several mm of the surface of the inclined 

sample. The optimal arrangement results when the camera is as close to the sample as possible. 

A diffraction pattern is observed in the path of the diffracted electrons if we place the 

phosphorous screen very close to the sample. (Wells, 1999). The phosphorous screen converts 

the diffracted electrons into photon thus transforming the backscattered signal into light. This 

light enters the CCD camera and the EBSD image is detected by it. Now the EBSD image 

detected by the CCD camera can be recorded and analyzed. The EBSD images depends on the 

crystal’s spatial orientation in the sample, sample’s distance from the phosphorous screen and 

on the incident electron beam’s wavelength. 

The pattern of Kikuchi lines on the phosphor screen is electronically digitized and 

processed to recognize the individual Kikuchi lines. Kikuchi lines are best seen in diffraction 

patterns from areas of the specimen that have a low density of defects and are about half of that 

the beam can penetrate or thicker. If the specimen is thinner only spots will be seen, if it is very 

thick only Kikuchi lines will be seen. The location of the more intense Kikuchi bands (Fig. 2.5) 

can be clearly identified within the Hough space by the brightest peaks but other peaks are 

more indistinct and almost unnoticeable. Now by the peak detection algorithm the most intense 

Fig. 2.4: Detection setup for Electron backscatter diffraction (EBSD). (Pereira-da-Silva & 

Ferri,2017). 
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peaks are analyzed (Fig. 2.5) and the ultrafine false peaks are disregarded. To analyze the 

results, a line corresponding to each peak of the previous image is superimposed on the original 

image of the Kikuchi diffraction pattern. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

The lines and peaks are coded illustrating their relationship for each point or set of 

points. Now it is possible to make a map of the structural characteristics of the entire image, 

identifying points with the same structural features, when we get the structural characteristics 

of a set of points within an image. EBSD data used for lot of purposes like, to determine the 

orientation of the crystal, to identify the phase and to index the pattern. Also it can be used to 

make statistical studies of the micro fabric of the sample, to know the systematic textural 

Fig. 2.5: EBSD sequence for obtaining structural characteristics. This sequence includes 

the original diffraction pattern, Hough transformed pattern, peaks detected in the Hough 

transformation, corresponding Kikuchi bands found in the diffraction pattern, and indexed 

diffraction patterns. (Pereira-da-Silva & Ferri,2017).  
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relations between individual grains or phases, and to determine relative abundances of phases 

in a poly phase sample. It is possible to obtain data for phases of all symmetries (even isotropic 

phases) and for opaque phases in EBSD. This data gives a true 3-dimensional orientations of 

the individual crystals and the spatial resolution can be few microns. 

2.5 Electron channelling contrast imaging 

Electron channelling contrast imaging (ECCI) is a scanning electron microscope (SEM) 

technique. Crystal defects like dislocations can be imaged by ECCI in SEM. According to the 

dynamical theory of electron diffraction, by orienting the crystal specimen into Bragg condition 

the optimum diffraction contrast for crystal defect imaging can be obtained, for a selected set 

of intense lattice planes. 

 

 

 

 

 

 

 

When a sample is placed so that a plane or planes are at the Bragg angle with respect 

to the incident electron beam then ECCI Micrographs are produced. Deviation in 

crystallographic orientation or in lattice constant happens due to local strain. As a result of this 

a variation in contrast is produced in ECCI micrograph. Now when the electron beam is 

scanned over the sample then by monitoring the intensity of backscattered or forescattered 

electrons the micrograph is constructed. Very small changes in strain and orientation can be 

detected, which reveals low angle tilt and rotation boundaries and atomic steps. Extended 

defects like dislocations and SFs can be imaged in ECCI (Wilkinson & Hirsch, 1997; Crimp et 

al., 2001; Trager et al., 2007; Picard et al., 2012). An electron beam with a low divergence (a 

few mrad), small spot size (nanometres) and high brightness (nanoamps or higher) is required 

to resolve individual dislocations in an electron channeling contrast image (Wilkinson & 

Fig. 2.6: Illustrating the a) backscatter, and b) forescatter geometries for acquisition 

of ECCI micrographs (Trager et al., 2020). 
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Hirsch, 1997; Joy et al., 1982). All these conditions are perfectly fulfilled in a field emission 

gun SEM. We can get the ECCI micrographs at lower electron beam energies (Naresh et al., 

2019; Han et al., 2020). Though ECCI is very helpful to quantify surface defects but it cannot 

qualify the dislocations below the surface easily because ECCI technique is not efficient in 

determining exact sampling depth perfectly and also it has low surface sensitivity. Quantitative 

data on dislocations which lie below the surface could be obtained by changing the energy of 

the electron beam. 

In Fig. 2.6 backscatter and forescatter geometries are illustrated. These two geometries 

are used to obtain ECCI micrographs. The backscatter geometry (Fig. 2.6(a)) allows the easiest 

imaging of large samples also as this geometry does not require a high tilt of the sample so a 

large correction of the image to account for tilt is not necessary. In this geometry the sample 

stays at approximately 90 degrees to the incident electron beam with the backscatter electron 

(BSE) detected by an electron-sensitive diode or diodes placed on the pole piece of the 

microscope. Compared to backscatter geometry, the forescatter geometry (Fig. 2.6(b)) has the 

upper hand that due to the increase in intensity of backscattered electrons here images show 

better signal-to-noise. In this geometry the sample is tilted to between 30° and 70° to the 

impinging electron beam and the forescatterd electrons detected by an electron- sensitive diode 

placed in front of the sample. To get quality ECCI micrographs a good amplifier with a large 

DC offset and high small signal gain should be used. 

2.6 Estimation of experimental stacking fault energy 

By adopting the X-ray analyses using Schramm & Reed method (1975) later modified by Dey 

et al. (2005), the SFE can experimentally be determined which considers the effect on 

dislocation parameters on SFE. This method can yield SFE values with higher statistics, but is 

based on several overgeneralized assumptions and often criticised due to indirect nature of 

estimation. On the other hand, there are two approaches under WBDF using TEM. According 

to Ruff (1970) SFE can be estimated through measuring the radii of isolated extended nodes. 

The other method of SFE estimation is through calculating the extension widths of 
𝑎

2
〈111〉  

glide dislocations (Brown & Thölen, 1964; Ray & Cockayne, 1971). Though TEM approach 

is direct in nature but suffers from the shortcoming that it offers extremely low statistics, 

besides being strictly restricted to early deformation stages. Thus, considering the practical 

challenge to measure SFE experimentally, it is kept in mind that both the TEM and X-ray 



 

49 

 

methods have their own merits and demerits and should be used concurrently for reliability of 

the results. The underlying principles of each methods are outlined below. 

2.6.1 X-ray diffraction approach 

Estimation of SFE using X-ray analysis according to the popular Schramm and Reed (1975) 

method is accomplished by utilizing the mean square microstrain 〈ԑ𝐿
2〉 of the deformed austenite 

along 〈111〉direction, averaged over the distance of Fourier variable (coherence length), 𝐿 =50 

Å and 𝑃𝑠𝑓 values. According to Dey et al. (2005) this is an oversimplified approach, which 

does not consider the effects of austenite dislocation density and arrangements on the 

microstrain distribution within the microstructure. In low SFE materials, microstrain 

broadening depend on ℎ𝑘𝑙. According to Wilkens (1970) this dependency is due to the strain 

field anisotropy induced by the contrast factor of dislocations. Hence proper correction terms 

including dislocation contrast factor, arrangement and density should be combined in X-ray 

analyses for determination of SFE (Dey et al., 2005). 

From the above justification, it is evident that estimating the dislocation parameters are 

prerequisites for determination of SFE. It is established that in the presence of dislocation-

induced strain broadening, the variation of strain field within the dislocation core can be 

described by the Wilkens strain function, given as (Wilkens, 1970): 

〈ԑ𝐿
2〉 = 𝜌𝐶ℎ̅𝑘𝑙𝜋 (

𝑏

2𝜋
)
2

ln (
𝑅𝑒

𝐿
)      (2.28) 

where, 𝑏⃗   is the magnitude of Burgers vector of 
𝑎

2
〈110〉 perfect dislocations determined from 

the Rietveld analysis, 𝐶ℎ̅𝑘𝑙 is the average contrast factors for the different Bragg reflections 

(ℎ𝑘𝑙), 𝜌 is the dislocation density and 𝑅𝑒 is the effective outer cut-off radius of the dislocations, 

signifying the range over which the distribution of dislocations is random. These parameters 

are directly determined from the graphical plots of modified Williamson-Hall equation and 

modified WA procedure, as described by Eq. (2.24). The modified Schramm and Reed method 

utilizes the relationship between the SFE of the steel (γ), stacking fault probability (𝑃𝑠𝑓), 

dislocation density (ρ) and lattice parameter (𝑎) that was derived by Smallman and Westmacott 

(1957) 

 𝛾 =
𝐾111𝜔0𝐺𝑎𝐴−0.37

√3𝜋𝑃𝑠𝑓
{(

𝑏

2𝜋
)
2
(𝜌𝐶1̅11𝜋) 𝑙𝑛 (

𝑅𝑒

𝐿
)}    (2.29) 
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where, 𝐺 ≈ 72 GPa is the shear modulus of the steel considered throughout and 𝐴 3.43 is an 

anisotropy factor related to the X-ray elastic constants and determined according to Pierce et 

al. (2014) and 𝐾111𝜔0 is a proportionality constant with a value of 6.6 (Martin et al., 2016) and 

and 𝐶1̅11 is the average contrast factor of dislocations for the austenite (111) Bragg reflection. 

It is noteworthy that the SFE of a deformed specimen estimated according to Eq. (2.29) 

essentially yields the effective SFE, but not the ideal SFE. In the presence of other defects, the 

ideal and the effective SFEs of a real crystal are related as (Müllner & Ferreira, 1996): 

 𝛾𝑒𝑓𝑓 = 𝛾∞ +
𝜕𝐸𝑠𝑡𝑟

𝜕𝐴
       (2.30) 

Where, 𝛾𝑒𝑓𝑓 and 𝛾∞ are the effective and ideal SFEs, respectively and 
𝜕𝐸𝑠𝑡𝑟

𝜕𝐴
 is the increase in 

elastic coherency strain energy of the SF per unit area. However, this treatment assumes the 

coherency strain energy is conserved in volume, unlike the treatment of Olson & Cohen (1976), 

which assumes that elastic coherency strain energy comprises of two components as: 

 𝐸𝑠𝑡𝑟 = 𝐸𝑑𝑖𝑙 +𝐸𝑠ℎ       (2.31) 

where, 𝐸𝑠𝑡𝑟  is the dilatation energy due to volumetric strain associated with volume change 

during 𝛾𝑒𝑓𝑓 → 𝜀ℎ𝑐𝑝 martensitic transformation and 𝐸𝑠ℎ is the shear energy involving the shear 

strain components. The studied deformation conditions considered in the present dissertation 

do not reveal any significant 𝛾𝑒𝑓𝑓 → 𝜀ℎ𝑐𝑝  transformation and hence the treatment of Olson & 

Cohen (1976) is not tenable here and the Mullner & Ferreira (1996) approach was adapted to 

interpret the experimentally estimated SFE of austenite. 

2.6.2 Transmission electron microscopy approach 

Brown & Tholen (1964) proposed a method of estimation of SFE from the extended node by 

considering an idea of symmetric nature of extended node according to isotropic elasticity. 

This approach also tells us that the self-stress of a dislocation can be calculated by calculating 

the line integrals over the dislocation at the dislocation core. An iterative method helps to 

calculate the extended nodes by the way that dislocation core points are displaced successively 

until resultant stress acted upon them (self-stress plus stress due to SF and other partials) totally 

vanishes. As it is found in an isotropic medium that the self-stress due to curved screw 

dislocations can be much greater than the self-stress due to curved edge dislocations so, a 

difference always appears between nodes formation of screw and edge dislocations. According 
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to nature of partials of edge or screw-type dislocation the relationship of SFE with the radius 

of curvature of the partials in the node is controlled. If we assume that the width of the node 

does not explicitly depend on the character of the dislocations rather curvature of the partials 

then SFE can be measured approximately by only measuring the width of the node through the 

following equations proposed by them within acceptable accuracy. 

𝛾𝑒𝑓𝑓×𝑅1

𝐺𝑏𝑝
2 = 0.27 − 0.08 (

𝜈

1−𝜈
) 𝑐𝑜𝑠2𝛼′′ + {0.104 (

2−𝜈

1−𝜈
) + 0.24 (

𝜈

1−𝜈
) 𝑐𝑜𝑠2𝛼′′} 𝑙𝑜𝑔10

𝑅1

𝑒
  (2.32) 

𝛾𝑒𝑓𝑓×𝑅2

𝐺𝑏𝑝
2 = 0.055 (

2−𝜈

1−𝜈
) − 0.06 (

𝜈

1−𝜈2) 𝑐𝑜𝑠2𝛼′′ + {0.018 (
2−𝜈

1−𝜈
) + 0.036 (

𝜈

1−𝜈
) 𝑐𝑜𝑠2𝛼′′} 𝑙𝑜𝑔10

𝑅2

𝑒
 (2.33) 

Where, 𝐺 refers to the shear modulus, 𝑣 is the Poisson’s ratio, 𝑏⃗ 𝑝 considered as Burger’s vector 

of the partial dislocation, 𝑒 refers to the vector normal to the dislocation line and related to 

Burger’s vector, 𝑅1and 𝑅2 are defined in Fig.2.7, 𝛼′′ refers to the character of the partials at 

points L, M and N in Fig. 2.7. 

 

 

 

 

 

 

 

In the extension width method, it is considered that an equilibrium configuration is 

created when repulsive elastic force acted between the two partials is balanced by the attractive 

force due to increase of area of the SF. In equilibrium condition, if we take experimental 

separation values and fit with the theoretical curves predicted by Hirth & Lothe in 1982 through 

approximation of anisotropic dislocation theory then SFE can be determined by the following 

equation: 

𝛾 =
𝐺𝑏𝑝

2

8𝜋𝑥𝑒𝑞(1−𝜈)
(2 − 𝜈 − 2𝜈 𝑐𝑜𝑠 2𝛼′′)     (2.34) 

𝑅2 M 

𝑅1 

L 

N 

Fig. 2.7: An extended three-fold node and the parameters used to determine 

SFE according to Eqs. (2.32) and (2.33). 
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where, 𝑏⃗ 𝑝considered as the Burgers vector of the Shockley partial dislocations (SPD), 

calculated from the austenite lattice parameters, 𝑥𝑒𝑞 refers to separation distance of the partial 

dislocation pairs at equilibrium configuration, 𝜈 is the Poisson’s ratio of the studied steel and 

𝛼′′ is the angle between the perfect dislocation line and Burgers vector. Teutonico (1967) 

suggested that both anisotropic as well as isotropic theory agrees well for the extension width 

of the dislocations when partial  
𝑎

2
〈110〉 dislocations gliding on ሼ111ሽ planes in case of fcc 

material. This made it possible to approximate the isotropic theory of elasticity in the present 

discussion. In visible condition of both partial dislocations under weak 〈220〉 reflection it is 

possible to measure the angle made by the Burgers vector of the perfect dislocation with 

dislocation line on g − 3g WBDF micrographs (Kim et al., 2011). Several measurements are 

yet to be done along the length of straight parallel sections at equilibrium configuration of 

isolated dislocations, avoiding the areas which is affected by constrictions. 
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3.1 Material and experimental 

A high-Mn steel with the nominal composition Fe-26Mn-1Al-0.14C (all compositions are in 

wt.%) was prepared by induction furnace melting followed by homogenization and hot rolling 

to an 8 mm strip at 1100°C with subsequent water quenching. It was then cold rolled without 

reversing the rolling direction in several passes to 50% reduction, with a pass strain about 10% 

and inter-pass time of 30 seconds. The cold rolling is followed by recrystallization heat 

treatment under protective argon environment at 700°C for 30 min, and final water quenching 

to RT, produced an area averaged grain size ~ 5m. The initial microstructure was studied 

using EBSD in a Hitachi SU7000 ultra high-resolution scanning electron microscope at 20 kV, 

6nA. Another specimen was also heat treated at 950°C for 30 min, and water quenched to RT, 

to obtain a coarse-grained microstructure with the average grain size of ~35 m. Uniaxial 

tensile tests were carried out using A30 specimens (the cross-section: 6 × 2 mm (width × 

thickness) and the gauge length 30 mm) until failure in a Zwick Z 100 tensile testing machine 

(ZwickRoell, GmbH) at RT with a quasi static strain rate of 10–4 s–1.To minimise the scope of 

SFE alteration, the quasi static strain rate was chosen during deformation through adiabatic 

heating. The tensile tests were interrupted at 2%, 5% and 10% true strain levels to identify the 

early dislocation activity and also at 20% true strain to study the intermediate microstructure 

evolution. Some tensile tests were also performed until complete failure of the specimen, 

occurring at ~50% true strain. 

The uniformly strained gauge regions of deformed samples were electrolytically 

polished to produce surfaces suitable for XRD, EBSD and ECCI investigations. XRD data 

acquisition of the differently strained specimens is carried out with an X-ray powder 

diffractometer (Bruker D8 Advance) operating in the Bragg-Brentano geometry using Ni-

filtered 𝐶𝑢𝐾𝛼 radiation that eliminates the 𝐾𝛽 radiation in the X-ray spectrum. A step size of 

0.02º and scan rate of 0.2º/min were adopted in the angular range of 40º - 150º during XRD 

experiments. The instrumental broadening and the peak shape parameters were evaluated from 

the X-ray powder patterns of LaB6, NIST SRM660b specimen. The EBSD and ECCI 

measurements of the deformed specimens were performed using a high-resolution field 

emission scanning electron microscope (FE-SEM, LEO 1530, Carl Zeiss SMT AG, Germany) 

equipped with an EBSD system (Channel 5, HKL software), a retractable standard four-

quadrant BSE detector (KE developments), a beam current of 6 nA at 20 kV acceleration 
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voltage and 120 m aperture. The ECCI images were obtained operating at the working 

distance of 3–4 mm using signals of the BSE detector. 

The tensile tested specimens were mechanically ground to about 100 m thickness and 

few 3 mm disks were punched for TEM investigations. The disks were subsequently 

electropolished with a TenuPol–5 operating at 30 V DC and 40 mA using an electrolyte 

comprising of 90% methanol and 10% perchloric acid maintained at -20C. TEM observations 

are carried out on a JEOL 2200FS electron microscope operating at 200 kV and equipped with 

a GATAN 994UltraScan 1000XP imaging system. 

3.2 Flow stress behavior 

The true stress-strain (𝜎 − 𝜀) curve of the studied steel (‘steel’ subsequently refers to the fine-

grained specimen, unless stated otherwise), along with the strain-hardening rate (SHR) curve 

as the secondary axis is plotted in Fig. 3.1(a). The coarse-grained specimen was also 

subsequently tensile tested under similar conditions and the true flow stress curve and the 

corresponding SHR are superimposed in Fig. 3.1(a). A direct comparison of the plastic flow 

behavior of two different grain-sized specimens in Fig. 3.1(a) indicate that grain refinement 

had almost no effect on the flow stress and that both specimens exhibit a comparably high final 

true stress and fracture strain, although the coarse-grained specimen shows marginally higher 

uniform elongation. The deformation behavior of coarse-grained high-Mn steels are amply 

reviewed in the literature (. De Cooman et al., 2018). Thus, investigating grain size dependence 

of the flow stress was not the objective here, but the emphasis was on to critically examine the 

strain hardening behavior of the fine-grained steel and to identify the reason(s) for any twin 

deficiency. 

It can be observed from Fig. 3.1(a) that the steel after some initial discontinuous 

yielding exhibits high tensile strength (true stress value) ~1.3 GPa with a failure true strain of 

~ 50%. Interestingly, the corresponding SHR curve in Fig. 3.1(a) shows a nearly stable SHR 

of ~ 2 GPa (~ 
𝐺

35
, 𝐺 is the shear modulus of the steel ~72 GPa) after yielding. This is in strong 

opposition with the strain hardening behavior of high-Mn steels containing 0–2 wt.% Al (Jin, 

& Lee, 2012), as they generally exhibit a five-stage strain hardening. In such steels, the SHR 

rapidly decreases after the onset of plastic deformation (stage A), followed by nearly constant 

region (stage B) and subsequent decrease (stage C). Another short constant hardening is 

observed at higher strains (stage D), and then SHR rapidly decreases near failure strain (stage 
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E) (Jin, & Lee, 2012; Gutierrez & Raabe, 2012). A noteworthy aspect in Fig. 3.1(a) is the 

absence of serrated flow behavior indicating absence of dynamic strain ageing (DSA), which 

is observed even at RT, but at high strains and commonly interpreted in terms of high 

interstitial C content of the steel (De Cooman et al., 2018).  

 

 

 

 

 

 

 

 

The strain hardening behavior of the present steel in Fig. 3.1(a) is further investigated 

following a modified Crussard–Jaoul (C-J) analysis (Jin & Lee, 2009) based on the Swift 

equation (Swift, 1952) and plotted in Fig. 3.1(b). The   (
  

  
) vs.     plot demonstrates four 

distinct stages (A–D) having different slopes (  
 

 
) in between the transition strains   ,    

and   , wherein   is the strain-hardening exponent. The C-J analysis, Fig. 3.1(b), further 

shows that after a sharp drop in the strain range of 0–0.007 (   and stage A), the SHR 

increases in stage B to reach the constant level at a quite low strain    = 0.02, marking the 

onset of stage C that continues until    = 0.3, and thereafter the SHR decreases slightly in 

stage D, until the failure strain ~0.5. The respective   values for the deformation stages were 

0.06, 0.03, 1.07 and 3.17. The   values interestingly indicate that the steel hardens at a 

constant rate within a wide strain range 0.02–0.3, which is not commonly reported in the 

literature for high-Mn steels. The present steel does, however, not reveal any stage E, while at 

the same time, stages C and D do not show any significant difference in Fig. 3.1(b), until the 

fracture. Thus, it is obligatory to investigate the intermediate microstructures to interpret the 

strain hardening behavior, which is described in the next chapters.  

Fig. 3.1: (a) True stress-strain (𝜎  𝜀) response and strain hardening rate curve 

of the steels. (b)   (
dσ

dε
)    σ plot for modified C-J analysis for the fine grain 

steel.  
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4.1 The pre-deformation microstructure 

Notwithstanding few exceptions, it is accepted that the grain refinement down to the sub-

micron regime (≤ 0.1µm) results in a drop of strain hardening and in a reduction of the uniform 

elongation (Valiev et al., 2006; Estrin & Vinogradov, 2013). Fig. 4.1(a) shows the inverse pole 

figure (IPF) map of the initial recrystallized fine grain microstructure and the corresponding 
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Fig. 4.1: (a) EBSD IPF map of the initial recrystallized microstructure. (b) Grain size 

distribution of EBSD micrograph (a). (c) KAM map corresponding to (a). 
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grain size distribution is displayed in Fig. 4.1(b). The thermomechanical treatments produced 

an average grain size ~ 5m, measured from grain size distribution curve presented in Fig. 

4.1(b). The corresponding Kernel Average Misorientation (KAM) map in Fig. 4.1(c) indicates 

that the specimen is in fully recrystallized condition. 

4.2 HR-ECCI observations 

Twins in high-Mn steels are reported to nucleate at stage B, corresponding to 2–5% true strains 

(Mahato et al., 2015; Idrissi et al., 2010; Mahato et al., 2017). Thus, corresponding 

microstructures were extensively investigated using microscopy techniques in the present  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 4.2: SEM ECCI microstructure of low deformed specimens: (a) activation of 

multiple slip at 2% strain with screw dislocations dominating (b) formation of a rare 

SF on the primary slip system at 5% strain. The corresponding Shockley partials in (b) 

dissociate with distinct difference of the individual Schmid factors (∆m = 0.12). The 

traces of the dislocations in (a)-(c) are highlighted with respect to the stereographic 

projection of the corresponding grains presented as insets. (c) developments of 

dislocation tangles and Taylor lattice after 5% strain (d) nucleation of a deformation 

twin through overlapping SFs within weak dislocation cells after 10% strain. The 

periodic fringe contrasts of the individual SFs are indicated by a pair of black arrows 

in the enlarged region of the inset. 
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study. Figs. 4.2 and 4.3 show a set of differently oriented multi beam ECC images at different 

early strain levels representing the morphological evolution of various crystal defects, namely, 

dislocations, SFs and twins. The actual line directions of dislocations were estimated from the 

line trace and inclination (Gutierrez et al., 2011). Fig. 4.2(a) reveals that multiple slip is 

activated at 2% strain on at least two sets of {111} planes and the dislocations appear as white 

lines in the enlarged ECC image. At least three distinguishably different sets of straight and 

slightly curved dislocations belonging to either screw or mixed character could be identified, 

whose traces are plotted in the stereographic projection (inset to Fig. 4.2(a)). Besides, some 

very short 
𝑎

2
[01̅1] screw type dislocations on (111) planes could also be observed and labeled 

in green. Another observation at this stage is that dislocation activity was not only confined to 

activation of multiple slip but also protracted to the presence of few 
𝑎

2
[01̅1] forest dislocations 

on {111} planes, also indicating about cross-slip and pronounced interaction among the 

dislocations at early strain. However, an astonishing feature of this microstructure is the 

absence of long SFs and it is unanimously accepted that SFs are ubiquitous in high-Mn steels, 

without which twinning cannot sustain in such steels, since they serve as the nuclei of twins 

(Idrissi et al., 2010; Mahato et al., 2015; Mahato et al., 2017). 

As the straining proceeds to 5%, Fig. 4.2(b) shows that the screw dislocations are 

elongated in their screw direction and that they trail wavy traces corresponding to extensive 

cross-slip between primary and conjugate planes. An isolated SF on the (111) plane was first 

observed in this microstructure at this strain (Fig. 4.2(b)), and this is indeed a sporadic 

observation for the high-Mn steels, which reveal profuse twinning, unless restricted by an 

ultrafine grain size (Ueji et al., 2008). One might contend that the SFs can easily be 

misinterpreted with dislocations in ECCI. However, SFs, unless extinct in agreement with the 

g⃗ . 𝑅⃗ =0 criterion, always appear as sharp straight white lines, while dislocations are seldom 

perfectly straight. The absence of randomly distributed SFs in the microstructure could also be 

justified by the low SF probability values (~ 10-4). The SF in Fig. 4.2(b) further reveals the 

traces of Shockley partials with Burgers vectors 
𝑎

6
[12̅1] and 

𝑎

6
[11̅̅̅̅ 2], which are created 

according to the following dislocation reaction: 

𝑎

2
[01̅1](111) →

𝑎

6
[12̅1] +

𝑎

6
[11̅̅̅̅ 2]      (4.1) 

Further at this strain (5%), multiple slip becomes pronounced in all examined grains of 

Fig. 4.2(c), showing the slip traces and the corresponding stereographic projection in inset. A 
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newer phenomenon in the microstructure of Fig. 4.2(c) is presence of dislocation tangles and 

arrays resembling Taylor lattice, a well-known phenomenon related to planar slip. The high-

Mn steels are known to have a SFE ranging between ~ 20 and 40 mJ/m2. The dislocation cell 

formation in such steels is rarely reported in the early stages of deformation (Gutierrez et al., 

2011, 2013). Tangled dislocation structure in the present steel at early strain indicative of strong 

interaction between the dislocations also implicates that planar slip is gradually transformed to 

wavy slip, which is known to be beneficial towards excellent strength-ductility combinations 

in Fe-30Mn-2Al-1.2C (Gutierrez et al., 2016). Subsequently, the microstructure at 10% strain 

shows in Fig. 4.2(d) the first evidence of a nucleating twin amid weak dislocation cells, and 

that they also reveal the signature periodic contrast variation of the overlapping intrinsic-

extrinsic SF pair constituting the twin lamella. Such contrast variations are usually observed 

under two–beam conditions in TEM (Mahato et al., 2015; Mahato et al., 2017) and could also 

be observed in ECCI, as indicated using a pair of white arrows in the magnified inset of Fig. 

4.2(d).  

 

 

 

 

 

 

 

 

 

The presence of a prominent deformation twin bundle in the present steel could first be 

noted in the failed microstructure corresponding to 50% strain. However, the microstructure 

was still dominated by the dislocation tangles, and cells and twins were rather infrequently 

observed only within few relatively larger grains, which are presented in Figs. 4.3(a) and (b), 

respectively. It is known that the grain orientation with respect to the deformation direction 

Fig. 4.3: SEM characterization of the microstructure at failure strain (~50%): (a) ECC-image 

showing pronounced dislocation cells (b) occasional deformation twin bundles in the vicinity 

of grain boundary (c) EBSD orientation map showing well developed orientation gradients 

originating from dislocation cells (some highlighted by circles) and some deformation nano 

twin bundles (arrows) 
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plays a key role in activation and kinetics of twinning (Favier & Barbier, 2012) and is 

accountable towards activation of twinning system (Gutierrez et al., 2010, 2011; Beladi et al., 

2011) in high-Mn steels. The grains oriented along 〈111〉 tensile axis are reported to be most 

preferred for twinning (Gutierrez et al., 2011), while the 〈001〉 grains reveal dislocation cells 

with minimal or no deformation twins (Gutierrez et al., 2010, 2016). In the present study, 

relatively larger grains revealed strong orientation gradients (Fig. 4.3(c)), which are attributable 

to the dislocation glide (planar and wavy). However, only one large deformation twin bundle 

could be detected in Fig. 4.3(b) and even the 〈111〉 grains remained devoid of twinning. 
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5.1 X-ray line profile analysis (XLPA) of the deformation microstructure 

 X-ray line profile analysis (XLPA) has been an important characterization method in the 

study of deformed metals and alloys since it has immense potential to reveal the 

microstructural information through the estimations of dislocation density, crystallite size, 

faulting propensity and the active slip systems. In this chapter, the microstructural parameters 

of differently deformed microstructures are evaluated according to XLPA and reported in the 

following sections. 

5.1.1 Normalized intensity profiles and the planar faults 

The XLPA results of the differently deformed microstructure are presented in Table 5.1. The 

lattice parameters in Table 5.1 were estimated by extrapolating the apparent lattice 

parameters corresponding to individual Bragg reflections of the diffraction profiles at each 

strain levels to zero (     ) of Nelson-Riley function:  ( )  
 

 
(
     

    
 
     

 
) (Cullity & 

Stock, 2001). The normalized measured X-ray diffraction profiles for the first six Bragg 

reflections of specimens at 5% and failure (50%) strains are presented in Fig. 5.1, as a 

representative. These profiles expressed using normalized intensity versus 
 (          )

 
, 

where    is the angular maxima of the corresponding Bragg reflections are essentially 

convolution of the instrumental profile and the true line broadened profile and thus, the 

parameters reported in Table 5.1 were 

 

 

 

 

 

 

 

 

Fig. 5.1: Normalized X-ray diffraction profiles expressed in the intensity versus 

2(sin 𝜃 − sin 𝜃𝑚)/𝜆  for specimens at: (a) 5% strain (b) failure (~ 50%) strain. The 

shoulders on the high angle side of profiles in (a) correspond to 𝐾𝛼 − 𝐾𝛼  doublet. 
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subsequently estimated after deconvoluting the measured profiles according to methodology 

proposed by Enzo et al. (1988), which also accounts the consideration of 𝐾𝛼1 − 𝐾𝛼2 doublet in 

the XLPA. It is seen from Fig. 5.1 that a larger broadening can be observed in the failed 

specimen Fig.5.1(b), compared to the 5% deformed specimen in Fig.5.1(a). It is further 

observed from Fig.5.1 that the (111) diffraction profile suffers from the minimum broadening, 

while the remaining Bragg reflections show higher broadening.  

The planar faults in a deformed close-packed microstructure could be estimated in a 

statistically significant manner using XLPA, and two commonly used approaches, namely, 

Warren’s (1969) and Balogh et al. (2006) approaches are available in the literature. In both 

these approaches, it is agreed that planar faults influence several aspects of a diffraction profile, 

namely, its shift, broadening and asymmetry, while Warren (1969) ascribed any asymmetry in 

the diffraction profile only to twin faults, especially through asymmetry in the (200) profile. 

Nonetheless, the planar fault analysis in the present study was carried out using Warren’s 

approach of peak shift analysis (Warren, 1969), also reported previously (Mahato et al., 2015).  

 

 

The absence of SFs in the differently deformed microstructure of the present steel could 

be directly interpreted from the negligible peak shift observed in Fig. 5.2(a) and 5.2(b), with 

respect to the annealed specimen, wherein, the normalized intensities of (111) and (200) Bragg 

reflections of differently strained specimens are plotted against 
2(sin𝜃−sin𝜃0)

𝜆
, where, 𝜃0 

indicates the corresponding peak maxima of the annealed specimen. Also the corresponding 

peak shifts of (111) and (200) peak profiles for the differently deformed specimens are shown 

separately in Fig. 5.2(c), which were used to estimate the 𝑃𝑠𝑓 values reported in Table 5.1. 

Table 5.1: Microstructural parameters obtained using X-ray line profile analyses. 
 

Strain 

Lattice 

parameter, 

Å 

±(0.0003-

0.0006) 

 

Contrast 

factor, 

𝐶111 

± (0.01-

0.02) 

Dislocation 

character 

parameter,  

𝑞 

Dislocation 

density, 𝜌 

(×1014  m-2) 

± (0.12-

3.95) 

Outer cut-

off radius 

of 

dislocation, 

𝑅𝑒 (nm) 

± (2-4) 

Stacking 

fault 

probability, 

(𝑃𝑠𝑓×10-4) 

±(0.00001 -

0.0004) 

Dislocation 

arrangemen

t parameter, 

𝑀(=

𝑅𝑒√𝜌) 

SFE, 

𝛾 

(mJ/m2) 

± (5.5) 
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Fig. 5.2: Variation of normalized intensity with 2(sin 𝜃  sin 𝜃0)/𝜆 of differently 

strained specimens: (a) (111) Bragg reflections (b) (200) Bragg reflections (c) peak 

shifts of (111) and (200) Bragg reflections. 
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As revealed from Table 5.1, very low 𝑃𝑠𝑓 values (~ 10-4) were obtained for the present 

steel. Such observation in deformed high-Mn steel is quite intriguing, for it is reported that 

high-Mn steels contain a high density of SFs (~ 10-3), and that those SFs subsequently overlap 

to create a twin (Mahato et al., 2015; Lee et al., 2014). Further, the absence of prominent 

anisotropy in the diffraction profiles of Fig. 5.1 allows us to conclude that alike the SFs, no 

significant deformation twins are also present in the microstructure. At the same time, any 

anisotropy in the diffraction profiles, other than that induced by the presence of 𝐾𝛼1 − 𝐾𝛼2 

doublet should be attributed to stray occurrence of SFs in grains unfavorably oriented for 

observing such faults that can subsequently overlap to create twins (Gutierrez et al., 2010). The 

presence of twinning in the microstructure will be further inspected during the TEM 
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observations (to be discussed subsequently in Chapter 6).  

 

 

 

 

 

 

 

 

 

 

It is well known from Warren’s theory (Warren, 1969) that the presence of significant 

planar faults like SFs and twins in the microstructure bear their signature in the respective XRD 

patterns through manifestation of asymmetry and selective opposite shifts in the (111) and 

(200) Bragg reflections. In the presence of planar faults, the (111) reflection is shifted to a 

higher diffraction angle, while the (200) reflection is shifted towards lower angles, and also 

previously observed for high-Mn steels containing significant planar faults (Mahato et al., 

2015). On the other hand, twins (i.e. overlapping SFs) do not cause any opposite shifts, but 

they introduce asymmetry in the (111) diffraction profile. It is seen that the XLPA analyses of 

the (111) and (200) X-ray line profiles of austenite for different strain levels presented in Fig. 

5.3 reveal neither asymmetry nor any noticeable opposing shifts. A detailed description about 

the peak shape parameters in the differently deformed specimens transcends the scope of the 

present report, but it has been described elsewhere and negligibly small densities of the planar 

fault parameters were estimated. Further, the relative intensities of the characteristic Bragg 

reflections at all terminal strains were in good agreement with values reported in the 

International Centre for Diffraction Data (ICDD), indicating weak texture development during 

uniaxial tension, which is also an important requirement for estimating planar faults in the 

Fig. 5.3: pseudo-Voigt function fitted to (111) and (200) Bragg reflections of differently 

strained steel specimens: 2% (black), 5% (blue), 10% (purple) and 50% (red). The absence 

of opposite shifts in (111)–(200) Bragg reflections indicates insignificant contributions 

from stacking and twin faults in the microstructure.  
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microstructure using XLPA methods since such a situation would not violate the requirement 

of randomness in X-ray powder diffraction. It must be mentioned here that absence of planar 

faults in a deformed high-Mn steel microstructure is completely uncharacteristic in nature for 

such steels, as they have a major role in their deformation (De Cooman et al., 2018). Therefore, 

in dearth of planar faults, it is expected that dislocations would be the key to controlling the 

deformation behavior of such steels, which is assessed in terms of the various dislocation 

related parameters accessible through contrast factor treatment of XLPA (Ungar et al., 1998). 

5.1.2 Influence of strain anisotropy on the Williamson-Hall plots  

It is known that presence of dislocation induced strain broadening in the microstructure is 

confirmed through manifestation of scatter in conventional W-H plot, which is reassessed in 

Fig. 5.4(a) for the studied steel. The FWHMs obtained from Fig. 5.1 when further utilized in 

Eq. (2.15) (Chapter 2.2.4) to obtain the conventional W-H plots shown in Fig. 5.4(a), shows a 

significant scatter as a function of the diffraction vector, 𝐾, which indeed reaffirms the presence 

of significant dislocation induced anisotropic strain broadening. It is therefore imperative to 

invoke the concept of W-H plots modified according to Eq. (2.16) (Chapter 2.2.4), to assess if 

the presence of dislocation strain broadening be accounted for by the dislocation contrast factor 

approach (Ungar et al., 1998).  

Anisotropic crystallite sizes were obtained in the present study, which at 2% strain 

respectively had values: 131 nm and 95 nm along 〈111〉 and 〈200〉, and that they individually 

decrease to 19 nm and 12 nm at failure strain (~ 50%). However, a detailed description on the 

crystallite size variation with deformation is delimited here since the objective was to assess 

the parameters related to dislocations i.e. the dislocation strain broadening. Further, the 

parameter 𝑞 in Eq. (2.18) (Chapter 2.2.4), signifying the character of dislocations within 

austenite is estimated directly from a linear fitting of Eq. (2.20) (Chapter 2.2.4) without 

assuming priori that equal proportion of 
𝑎

2
〈110〉 edge and screw dislocations are present in the 

microstructure, and presented in Fig. 5.4(b) for varying tensile strains. The respective 𝑞 values 

at each terminal strains are also shown in Table 5.1. Interestingly, the 𝑞 value for the present 

steel was estimated to be: ~ 2.46 at 2% strain, remains stable within the accuracy limit until 

10% strain, and finally dropping to ~ 1.96 at failure strain (~ 50%), signifying that the 
𝑎

2
〈110〉 

dislocations’ character at early strain (until 10%) is predominantly screw type, while their 

population decreases at the failure strain i.e. the highest imposed strain. This interpretation is 
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Fig. 5.4: (a) The conventional Williamson-Hall plot (b) linear fitting to the variation 

   [(   )   ]    with    according to Eq. (6) (c) the modified Williamson-Hall plot. 
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based on the reported values of 𝑞 in austenite for pure edge and screw dislocations as: 1.71 and 

2.46, respectively (Shintani & Murata, 2011). The variation of 𝑞 values in the present steel with 

deformation (Table 5.1) is in contrast to several reports for austenitic and/or ferritic steels, 

wherein, the values were shown to increase monotonously with increasing deformation 

(Mahato et al., 2015; Simm, 2016).   

The predominance of screw dislocations in the present steel at early strains has the 

essential implication that cross-slip should be expected in the present steel at an early strain 

since the screw dislocations can easily change their habit planes by cross-slipping. On the other 

hand, a dropping 𝑞 value ~ 1.96 in Table 5.1 at failure strain indicates towards some kind of 

decrease in the population of screw dislocations at this strain, viable through some kind of 

dislocation rearrangement that is synonymous to dynamic recovery of dislocations occurring 
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Fig. 5.5: Variation of logarithmic Fourier coefficient, 𝑙𝑛 𝐴 𝐿 , of the failed 

specimen (~ 50% strain) at different L values according to: (a) conventional 

Warren-Averbach analysis (b) modified Warren-Averbach analysis. 
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near failure strain. It is worth mentioning that such a proposition to this effect is not put forward 

for high-Mn steels using an indirect method like the XLPA, while it is reported for Cu single 

crystals using TEM investigations (Gutierrez at el., 2010), which will also be evaluated for the 

present steel in Chapter 6. 

The same FWHMs of the differently deformed specimens from Fig. 5.1, when plotted 

against 𝐾2𝐶ℎ𝑘𝑙 according to Eq. (2.16) (Chapter 2.2.4) reveal further in Fig. 5.4 (c) that 

significantly smoother curves are obtained for the early deformed specimens. It is however, 

also discernible from Fig. 5.4(c) that the scatters on the modified Williamson-Hall plots are not 

ignorable either in the specimen deformed to failure strain (~ 50%). A comparison of Figs. 

5.4(c) and 5.4(a) thus indicate that invoking the effect of dislocation induced anisotropic strain 

broadening in XLPA analyses leads to significant improvement in the modified W-H plots, at 

least for low strains (until 10%), while any scatter in the modified W-H plots at higher strains 

could be due to some unexpected variations/rearrangement in the dislocation substructure 

before fracture, which will be investigated subsequently. 

5.1.3 Conventional and modified Warren-Averbach analysis 

The real part of the Fourier coefficients, 𝐴(𝐿) for different Fourier lengths, (𝐿), is calculated 

from the Fourier transformation of the normalized intensity versus 
2(sin𝜃−sin𝜃𝑚)

𝜆
 plot 
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(Fig.5.1(a)), and scaled with the square of the diffraction vector, 𝐾2, in Fig. 5.5(a) for the failed 

specimen, as a representative. It is again revealed from Fig. 5.5(a) that alike the conventional 

W-H plots in Fig. 5.4(a), 𝑙𝑛 𝐴(𝐿)s for different 𝐿 in a conventional W-A plot reveal significant 

scatter, while comparatively smoother curves are obtained in Fig. 5.5(b) after fitting the 

quadratic curves according to modified W-A analysis when the 𝑙𝑛 𝐴(𝐿)s are scaled against 

𝐾2𝐶̅, wherein, 𝐶̅ is related to 𝐶ℎ̅00 and 𝑞 through Eq. (2.18) (Chapter 2.2.4). It is additionally 

evident from the inset of Fig. 5.5(b) that a linear relationship between 𝑙𝑛 𝐴(𝐿) and 𝐾2𝐶̅ is 

maintained for all 𝐿 values in the range of 2-10 nm, until first four Bragg reflections, and 

therefore, the slope of the liner region of 𝑙𝑛 𝐴(𝐿) and 𝐾2𝐶̅ plots would routinely determine 

𝜌
𝜋𝑏2

2
𝐿2 ln (

𝑅𝑒

𝐿
), which will be discussed in the following. 

5.1.4 Dislocation densities and characters in deformed microstructures 

The outer cut-off radius and dislocation density values of the differently deformed specimens 

were calculated from the gradient and Y-intercept of Eq. (2.24) (Chapter 2.2.4), plotted in 

Fig.5.6 concerning the variation of 
𝑌(𝐿)

𝐿2  with 𝑙𝑛(𝐿). The corresponding parameters are also 

presented in Table 5.1, revealing that dislocation density is initially low (~1014 m-2) at 2% 

strain, thereafter, increasing slowly until 10% strain, to attain the highest value (~1015 m-2) at 

failure strain (~ 50%). Additionally, it is also noted from Table 5.1 that as the imposed plastic 

strain increases, the average contrast factor for (111) Bragg reflection, 𝐶1̅11 also increases 

monotonously, implicating the profoundness in dislocation induced strain anisotropy at higher 

strains. The 𝑅𝑒 values in Table 5.1 further reveal that they are quite low compared to other steel 

microstructures (Sahu et al., 2012) and that they remain nearly constant until 10% strain (varies 

from 34 to 37 nm), while increasing moderately to ~ 43 nm at failure strain. The 𝑅𝑒 values 

signify the level of shielding of the strain field of dislocations; and that a lower 𝑅𝑒 value would 

suggest a higher degree of shielding of the strain field of dislocations by other dislocations, 

depending on the arrangement of dislocations (Wilkens et al., 1970; Ungar et al., 1998(b)). 

Generally, 𝑅𝑒 values for steel microstructures gradually decrease with increasing 

strains, essentially due to formation of strongly correlated dislocation substructures at large 

strains, namely, tangles, cells (Sahu et al., 2012). In contrary, relatively low 𝑅𝑒 values (~ 35 

nm) were obtained in the present steel at the onset of deformation, while the highest 𝑅𝑒 ~ 43 

nm was estimated at failure strain (Table 5.1). Thus, the variation in 𝑅𝑒 values in the present 

study indirectly indicate that the dislocations in the present steel become strongly correlated 
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from the onset of deformation (2%), and that their correlation nearly remains invariant until 

10% strain. The correlation however, decreases marginally at failure strain (50%), most likely 

through the occurrence of some dynamic recovery. 

 

 

 

 

 

 

 

 

 

 

An additional explanation could be put forward to explain the low 𝑅𝑒 values observed 

in Table 5.1, and that when the strain fields of the individual dislocations screen each other, 

total distortion within the lattice is lowered, yielding a smaller value of 𝑅𝑒 and consequently, 

the dislocations would arrange into dipoles and/or low angle grain boundaries (Gubicza, 2014). 

The application of this postulate in the present steel is being introspected subsequently using 

TEM. The dipole character of dislocations is further related to the dislocation arrangement 

parameter, 𝑀=𝑅𝑒√𝜌, signifying that the dipole arrangement is strong or weak in nature, 

depending on whether 𝑀 is smaller or greater than unity, respectively (Wilkens, 1970; Borbely 

et al., 2000). Interestingly, quite low value of 𝑀~ 0.36 was obtained in the present steel at the 

onset of deformation (2% strain) that slowly increases to 𝑀 ~ 0.5 at 10% strain, and finally 

attaining a value 𝑀 ~ 2.1 at the failure strain ~ 50% (Table 5.1). 

It is therefore evident that dipole character of dislocation is prevalent in the studied steel 

even at early strain, which slowly decreases as the imposed strain increases. It is usually 

expected that at large strains, when newer dislocations are created in the microstructure, the 

Fig. 5.6: Linear fitting to the variation of 𝑌(𝐿)/𝐿2 with 𝑙𝑛(𝐿) according to Eq. (2.24). 
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dislocation densities increase and the dipole character becomes stronger (Ungar & Ribarik, 

2017), which however, was not observed in the present study. In this case, the increasing plastic 

strain though had the effect of raising the densities of dislocations in Table 5.1, but their dipole 

character decreased gradually (gradually increasing 𝑀 value in Table 5.1), which could be 

explained by the transformation of pre-existing dipoles created at 2% strain into more complex 

dislocation substructures at higher strains, namely, tangles and/or cells (Smallman & Ngan, 

2000). It is noteworthy that such uncharacteristic evolution of the dislocation arrangement 

parameter with increasing plastic strain is not observed before in high-Mn steels, but seldom 

reported in dislocation cell forming metals like Cu (Ungar et al., 1998), while its implication 

in the present steel will be directly investigated, based on TEM observations and which will be 

discussed in the Chapter 6. 

5.1.5 Estimation of the stacking fault energy of austenite. 

SFE is crucial for the deformation behavior of the austenitic steels (Martin et al., 2016) and 

since the effective SFE value determined experimentally might be affected by the interaction 

of SFs with other microstructure defects (Mahato et al., 2015; Rafaja et al., 2014), I briefly 

outline here its estimation in the present study for completeness. 

The complex nature of dislocation configurations in the present steel did not allow the 

estimation of SFE using the weak-beam dark-field imaging in TEM (Mahato et al., 2015; 

Idrissi et al., 2010). Therefore, the XRD approach proposed by Schramm and Reed (Schramm 

& Reed, 1975), and later modified by Dey et al. (2005) was employed for this purpose – in 

analogy with other recent studies (Mahato et al., 2015, 2017). The modified Schramm and 

Reed method utilizes the relationship between γ, 𝑃𝑠𝑓, ρ and 𝑎 that was derived by Smallman 

and Westmacott (Smallman and Westmacott, 1957), and SFE of the steel is calculated 

according to Eq. (2.29) (Chapter. 2.6.1). 

 The various microstructural parameters used in the estimation of SFE according to Eq. 

(2.29) (Chapter. 2.6.1) are presented in Table 5.1 for different strain levels. The estimation of 

SFE from Eq. (2.29) (Chapter. 2.6.1) yields an average SFE value γ ~ 60 mJ/m2, which is 

significantly higher than the values suggested by Kim and De Cooman (Kim & De Cooman, 

2016) for such steels, although Welsch et al. (2016) reported high-Mn steels can have SFE 

value as high as: γ ~ 85 mJ/m2. Also, the sub-regular solution model of SFE for high-Mn steels 

(Saeed–Akbari et al., 2009) predicts γ ~ 25 mJ/m2 for the present steel. However, it was shown 
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previously (Mahato et al., 2015) that SFE in such steels is modified by several microstructural 

parameters related to various extended defects in the microstructure and thereby leading to the 

concept of effective or apparent SFE, which in such instances could manifest even more than 

two-fold increase from the ideal SFE (Mahato et al., 2015; Rafaja et al., 2014), while studying 

the energies of short interacting SFs in Cr–Mn–Ni steels have categorically reported that the 

classical method of SFE estimation (Schramm & Reed, 1975) does not hold well, when the 

various defects within the microstructure mutually interact. In the present instance, the 

microstructure features of the steel observed in TEM investigations indicated that the 

discrepancy between expected SFE and the effective SFE determined using XRD could be due 

to the presence of microstructural defects. 

 Intriguingly, Volosevich et al. (1976) proposed already in 1976 that the SFE of binary 

Fe-Mn alloys can be affected by the grain size. This hypothesis, which was later advocated by 

Takaki et al. (1993) and Lee and Choi (2000), is based on the grain size dependent internal 

stresses that cause a change in the dislocation dissociation width. A couple of propositions were 

put forward to explain the apparent SFE of high Mn steels, namely, the disequilibrium carbon 

concentration in the solid solution is high when the austenite is quenched from a relatively 

lower temperature or shorter time to produce a finer grain structure and then, the grain size 

might act as a geometric obstacle to the dissociation of dislocations, when it is smaller than the 

equilibrium width of SFs (Lee & Choi, 2000). There they also report that the effect is most 

pronounced when the grain size is 5 m, and since the grain size in the present steel was 

identical and thus the high apparent SFE estimated through X-ray analyses could be 

corroborated from the report of Lee and Choi (Lee & Choi, 2000).  
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6.1 Transmission electron microscopy investigations and its implications on the 

deformation mechanism 

In this chapter, TEM investigations of the differently deformed specimens are reported and the 

corresponding implications on the deformation mechanism(s) are critically introspected. The 

following sections aim to reveal the active deformation mechanism prevailing in the steel at 

various strain levels from a TEM point of view and its correlation to the identified deformation 

behavior. 

6.1.1  Planarity of slip and low energy dislocation structures at early strains (2% and 

5%) 

The early deformation microstructures of high-Mn steels reveal important information about 

the deformation mechanism(s) for that the nucleation of twins and/or early dislocation activities 

generally becomes clear before 5% true strain (De Cooman et al., 2018). The early dislocation 

activities in the steel are presented through a set of bright field (BF) and dark field (DF) TEM 

micrographs shown in Fig. 6.1. Fig. 6.1 shows a set of high magnification micrographs of the 

2% deformed specimen acquired along electron beam direction 𝐵 ≈ [111], revealing the 

activation of multiple slip which is also observed in ECCI (Fig. 4.2(a) in Chapter 4.2) and the 

interaction among different 
𝑎

2
〈110〉 dislocations on the {111} planes. The BF image in Fig. 

6.1(a) demonstrates the first case, where the impingement between 
𝑎

2
[011̅] and 

𝑎

2
[1̅01] 

dislocations having screw components and a  
𝑎

2
[11̅0] dipole dislocation takes place on parallel 

(111) planes. 

The corresponding weak beam dark field (WBDF) image in Fig. 6.1(a) under a g − 3g 

diffraction condition in selected area diffraction (SAD) pattern inset, reveals that the 

dislocation segment having the Burgers vector 
𝑎

2
[011̅] is showing a strong contrast and is also 

parallel to the g022̅ diffraction vector. Hence, it is in a near screw orientation and pinned at the 

two points indicated by red arrows. In other words, it is locked in the screw direction, while 

the dipole segment (i.e. 
𝑎

2
[11̅0]) showing weaker contrast is predominantly edge in nature (the 

character angle between the diffraction vector and dislocation line, 𝛽′  60°) (Pierce et al., 

2014; Mahato et al., 2015; Laplanche et al.,2017), bows under the action of the local stress 

field. Hence, a jog is formed on either side of the 
𝑎

2
[11̅0] dipole dislocation, considering that 

the impingement of the two dislocations is on parallel slip planes (see legend in Fig. 6.1(a)). 
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The locked dislocation (
𝑎

2
[011̅] or 

𝑎

2
[1̅01]) prevents the pivot point from being trailed in the 

cross-slip plane under the tension exerted by the bowing dislocation (i.e. 
𝑎

2
[11̅0] segment). 

This would result in an L-shaped, hairpin like dislocation configuration along the moving  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6.1:Micrographs at 2% strain showing early dislocation activities: (a) high 

magnification BF and DF imaging in 𝐵 ≈ [111] with strong and weak g022̅ beam, 

respectively, showing impingement of pinned 
𝑎

2
[011̅] and 

𝑎

2
[1̅01] screw dislocations with 

𝑎

2
[11̅0] dipole dislocation. The dotted yellow segments on either side of the 

𝑎

2
[11̅0] dipole 

will be jogged for impingement on parallel (111) planes. The unpinned segment having 

Burgers vector: 
𝑎

2
[11̅0] would bow under the external stress to form a cross-slip loop string. 

(b) Formation of dislocation multipoles with strong g022̅ beam. A truncated loop string is 

delineated using the red lines. (c) The corresponding weak beam image of (b). (d) The early 

stages of a Taylor lattice formation under two-beam BF condition in 𝐵 ≈ [111]. 

(c) 

100 nm 

g022̅ 

1 2
[ 1

1̅
0
]  

1 2
[ 1
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dislocation, better known as prismatic loop strings formed through truncation of the dipole by 

coordinated cross-slip (Steeds, 1966; Shiet et al., 1995). This mechanism, interpreted as cross-

slip truncation (CST) mechanism, involves the impingement of two dislocations moving on 

parallel slip planes with different velocities such that they mutually annihilate by coordinated 

cross-slip (Veyssiere & Gregori, 2002a). These loop strings are usually only observed in some 

single crystals deformed in single slip involving 
𝑎

2
〈110〉 dislocations with screw components 

(Veyssiere & Gregori, 2002a): they have never been reported in high-Mn steels. A prismatic 

loop string forms when the red delineated region in Fig. 6.1(a) truncates from the initial jogged 

configuration through cross-slip. In agreement with this, the BF micrograph presented from a 

different grain in Fig. 6.1(b) shows a truncated loop string in the region outlined in red, which 

seemingly terminated from the jogged configuration seen in Fig. 6.1(a) (Veyssiere & Gregori, 

2002b) formed through the pinning of  
𝑎

2
〈110〉 screw dislocations (Cailllard & Legros, 2013). 

Fig. 6.1(b) further shows a group of bowed dislocation multipoles under a strong g022̅ 

reflection. The corresponding WBDF image depicted in Fig. 6.1(c) shows the near edge nature 

(𝛽′   70°) of the dislocations constituting the multipoles. These multipoles align along the 

primary slip direction, and are formed by the cross-slip led juxtaposition of edge dislocations 

(Jackson, 1983). To our knowledge, Kim et al. (2019) have reported only about the role of 

dislocation multipoles in the plasticity of high-Mn steels. They observed that such multipoles 

are created through successive cross-slip events and represent an energetically stable 

configuration.  

Fig. 6.1(d) further exemplifies the situation in a new grain; wherein, the interaction of 

𝑎

2
〈110〉 dislocations via selective planar glide occurs on a single {111} plane. This glide of 

𝑎

2
〈110〉 dislocations is a consequence of the ‘glide plane softening effect’, arising from the 

short-range ordering (SRO) induced by Al, resulting in well-known Taylor lattice formation 

(Park, 2013). A Taylor lattice forms at early strains as a result of pronounced planar glide on 

the most highly stressed glide planes without any systematic lattice rotations and/or also 

through alignment of cross-slip led edge components of the loop strings (Kuhlmann-Wilsdorf, 

1989). Taylor lattice and loop strings are LEDS, whose contribution to strain hardening is still 

unclear (Park, 2013; Kuhlmann-Wilsdorf, 1989). 

The high magnification BF micrograph, Fig. 6.2(a), reveals that a Taylor lattice is 

formed at 2% strain through the activation of at least two non-coplanar slip system. 
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Furthermore, two low magnification overview BF micrographs are also presented as Fig. 6.2(b) 

corresponding to the specimen deformed at 5% strain. The main image in Fig. 6.2(b) 

demonstrate that at this strain (5%), a dislocation substructure engulfs the whole grain 

delineated using red, while the lower insert confirms that the Taylor lattice is also extended to  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6.2: Low-deformed TEM microstructures along 𝐵 ≈ [011] showing: (a) a high 

magnification multi-beam BF image of Taylor lattice at 2% strain (b) multi-beam BF 

images of dislocation substructure extending to grain interior at 5% strain (under low 

magnification) – the grain is delineated using red and the grain also contains two 

annealing twins outlined using yellow; the lower inset also shows an overview image of 

a grain (delineated using white lines) wherein the Taylor lattice is extended (c) dislocation 

dipole under BF and WBDF at 2% strain in two-beam and the corresponding g-3g 

conditions (d) a low magnification multi-beam BF image of weak tangles dislocations 

indicating transformation of planar slip to wavy slip at 5% strain. 

(a) 

(d) (c) 

  

(b) 
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the grain interior (demarcated using white) at 5% strain and previously at this strain (5%) 

Taylor lattice observed in ECCI (Fig. 4.2(c) in Chapter 4.2). Alongside, two annealing twins 

outlined using yellow lines are also noted in Fig. 6.2(b). Taylor lattice is a low energy 

dislocation structure (LEDS) consisting of organized planar dislocation array, which are 

observed in fcc metals/alloys. Such LEDS result from the interactions between the dislocations 

on the primary and secondary slip system and are uniformly distributed on the most highly 

stressed {111} glide planes (Yvell, 2018).  

 Kuhlmann-Wilsdorf (1989) suggested that a microstructure containing Taylor lattice 

alongside dipolar and multipolar dislocation arrays could easily be transformed into dislocation 

cell walls (i.e., wavy glide) at higher strains. In an agreement to that proposition (Kuhlmann-

Wilsdorf, 1989), a dislocation dipole is detected at 2% strain under a strong g022̅ reflection, as 

presented in Fig. 6.2(c). The corresponding WBDF micrograph in the g − 3g condition is 

presented in the right half of Fig. 6.2 (c) also establishes the dominating edge character of the 

dipole (𝛽′   50°). Such dislocation dipole/multipole configurations usually occur from 

juxtaposition of edge dislocations due to cross-slip and that they are known to align along the 

primary slip direction (Jackson, 1983). These dipoles are known to be a consequence of 

successive cross-slip events and that they represent an energetically stable configuration 

(Jackson, 1983). These features are rarely observed in high-Mn steels and their role in plasticity 

is unclear (Kim et al.,2019). Alongside, the BF micrograph presented in Fig. 6.2(d) also 

indicates the transformation of planar slip to wavy slip and development of weakly tangled 

dislocations at 5% strain. 

It is worth mentioning that slip planarity is favoured not by a low SFE alone, but also 

influenced by shear modulus, atomic size misfit, solute content, SRO, etc. (Hong & Laird, 

1990). The presence of dipole and multipole in the present steel at low plastic strain, as 

observed in Fig. 6.2(c), can only occur when dislocations in secondary slip systems interact 

with those in the primary slip system and cross-slip takes place only over a short-range 

(Kuhlmann-Wilsdorf, 1989; Fujita, 1983). Gerold and Karnthaler (1989) further indicated that 

pronounced planar slip could also be observed in quite high SFE alloys and they suggested that 

well-developed SRO and/or short-range clustering (SRC) could also promote planar slip 

through the ‘glide plane softening’ effect. The sub-regular solution model of SFE in high-Mn 

steels predicts SFE of the present steel is (𝛾) ~ 25 mJ/m2 (Saeed-Akbari et al., 2009), while 

the experimental estimation of the SFE of the present steel during straining is ~ 60 mJ/m2 
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(Chapter 5.1.5) and this mismatch could be attributed to the debated postulate of elevation of 

SFE due to grain refinement (Volosevich et al., 1976; Lee et al., 2000; Chen et al., 2021) – 

though the exact reasons are still unclear, effect of SFE on the microstructure evolution will be 

described subsequently. 
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Fig. 6.3: BF TEM micrographs of differently strained specimen showing: along 𝐵 ≈

 [11̅0] for ((a) to (c)). (a) pinning of 
𝑎

2
〈110〉 dislocations and dipole formation at 2% (b) 

planar glide and Taylor lattice formation at 5% (c) oscillating contrast of an incomplete 

prismatic loop at 5% strain (d) extension of Taylor lattice to whole grain at 5% strain 

imaged along 𝐵 ≈ [011] and delineated using red. 
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A further set of BF microstructure is presented in Fig. 6.3, revealing that dislocations 

are nearly screw type at the lowest 2% strain, while most of them are also pinned, and indicated 

by dashed purple arrows and the letter P. Further, these dislocations are seen to trail a dipole 

loop, denoted by a dashed red arrow labeled D and that these dipoles play a very crucial role 

in the plastic accommodation mode of this steel. At 5% strain, a prominent Taylor lattice 

develops and presented in Fig. 6.3(b) which was also observed in Fig 4.2(c) (Chapter 4.2). 

Taylor lattices are LEDS, which are generally formed at early strains as a result of pronounced 

planar glide on highly stressed glide planes without requiring any systematic lattice rotations 

(Kuhlmann-Wilsdorf, 1989). The contribution of LEDS to strain hardening is still uncertain 

due to their scarce occurrences in high-Mn steels (Gutierrez & Raabe, 2012).  

Thus, it is evident that the presence of nearly screw type pinned dislocations in Fig. 

6.3(a) activates cross-slip in the studied steel at a quite low strain, which in turn produces 

prismatic loops, but not shear loops (Gregori & Veyssiere, 2002b). A high magnification BF 

image presented in Fig. 6.3(c) reveals the nucleation stage of one such incomplete prismatic 

loop at 5% strain showing oscillating contrast of a sharply inclined dislocation due to 

dynamical effects (Fultz & Howe, 2007). The low magnification 𝐵 ≈ [011] multi-beam image 

in Fig. 6.3(d) demonstrates the proliferation of Taylor lattices to the entire grain at 5% strain. 

6.1.2  Proliferation of wavy glide and scarcity of deformation twins at intermediate 

strains  

At a relatively higher strain of 10%, new interesting features develop in the microstructure and 

they are presented through a couple of BF micrographs. Prismatic loops in Fig. 6.3(c) in the 

5% strained specimen were found to attain an L– or V–shape after relaxing towards edge 

orientation (Veyssiere & Gregori, 2002). In agreement, a moderate population of such loops 

surrounded by forest dislocations is observed at 10% strain (Fig. 6.4(a)). Fig. 6.4(b) shows 

alongside several austenite grains at 10% strain containing weakly developed dislocation cell 

substructures, i.e. transformation of planar to wavy slip. Besides, a high magnification multi 

beam 𝐵 ≈ [011] image of weak dislocation cells at 10% strain is presented in Fig. 6.4(c) and 

at this strain (10%), which are in excellent agreement with the weak dislocation cells in Fig 

4.2(d) of (Chapter 4.2) – observed using ECCI. 

Nevertheless, as an opposing observation, no sign of deformation twinning was 

observed until fracture (Idrissi et al., 2010; Mahato et al., 2015). Therefore, it is postulated that 
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twinning is suppressed in the steel, while the plasticity is mediated by concomitant dislocation 

substructures produced through successive cross-slip. In an attempt to clarify the reason for 

twinning suppression in the steel, we present a two-beam BF micrograph in Fig. 6.4(d), which 

was obtained with g
200

 along 𝐵 ≈ [011] from a grain of the 10% strained specimen containing 

relatively low density of defects. It nicely illustrates the reason for twin suppression in a single 

frame. Two distinct loop strings are again observed within the green regions (Fig. 6.4(d)), 

whose mobile segments bow under the action of the local stress field (the bowing direction  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6.4: BF micrographs of the specimen at 10% strain showing: (a) prismatic loops 

surrounded by forest dislocations imaged along 𝐵 ≈ [11̅0]. (b) weak dislocation cells at 

10% strain at low magnification are delineated using red (c) high magnification image of 

weak dislocation cells in 𝐵 ≈ [011] at 10% strain (d) a two-beam condition showing the 

nucleation and suppression of twinning at 10% strain.  
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indicated by a pair of red dashed arrows), which is in agreement with the WBDF micrograph 

in Fig. 6.2(a). Other regions delineated using different colors reveal important observations, 

which are now discussed. The grain boundary shown using a long dashed red line emits perfect 

dislocations, which are piled up on the primary slip plane (yellow region). Alongside, a region 

of high dislocation density in the form of dislocation forest/tangles (delineated by the blue line) 

is also discernible in Fig. 6.4(d). 

Interestingly, the dislocation proliferations delineated by blue and yellow lines in Fig. 

6.4(d) have different implications on the microstructure evolution of the steel. For instance, 

twin nucleation is observed within the purple region, through overlapping SFs, revealing 

periodic contrast of the Shockley twinning partials, as reported recently (Kubin & Kratochvil, 

2000; Mahato et al., 2015; Mahato et al., 2017). SFs in this steel remained uncharacteristically 

absent, otherwise. Further, the dislocations piled up within the yellow region are expected to 

be perfect, since they do not reveal any fringe contrast, unlike the dislocations within the 

twinned region. Therefore, it is justifiable that the stress field associated with this sporadic pile-

up (within yellow region) provides the nucleation stress for the fitful occurrence of twinning 

in Fig. 6.4(d) (De Cooman et al., 2018). On the other hand, the region demarcated by blue line, 

owing to its high local dislocation density would also possess a high local stress field, ruptures 

the regular arrangement of SFs within the orange outlined region. Consequently, any twinning 

opportunity is terminated. It is recently reported that presence of any dislocation stress field in 

the matrix is not conducive for observing twinning (Shyamal et al., 2021). In other words, this 

reaffirms the postulate of Boucher and Christian (1972) that presence of dislocation 

substructure in the matrix would strongly suppress any deformation twinning activity. 

The chemical composition of the present steel although suggests it as a high-Mn steel, 

so that extended SFs serving as twinning precursors should be omnipresent here at early strains 

(Idrissi et al., 2010; Saeed-Akbari et al., 2009). Extended SFs were, however, never observed 

until 5% strain, implicating the absence of suitable twinning precursors. As shown in the multi-

beam low magnification overview micrograph in Fig. 6.5(a), a long SF overlapping with few 

short SFs are discernible at 10% strain and such features are rarely observed in this steel. It is 

further seen from Fig. 6.5(a) that, compared to 5% strain, the wavy glide becomes enhanced at 

this strain level, which also indicates pronouncement in dislocation activity at this strain (10%).  

Fig. 6.5(b) obtained with g
200

 along B ≈ [011] shows an evidence of a deformation 

twin nucleation on the ሼ111ሽ planes in the vicinity of a pile-up of dislocations. The region in 
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Fig. 6.5(b) demarcated by dashed yellow rectangle is an overlap of SFs on three successive 

ሼ111ሽ planes, revealed by the characteristic periodic contrast of the Shockley partials 

corresponding to g.⃗⃗ b⃗ =  ±
1

3
  (g⃗  and b⃗  are the active diffraction vector and Burgers vector of 

the dislocation, respectively). Such overlapping SFs have previously been detected in the 

instance of nucleation of deformation twins. Such embryos do not manifest the trademark of 

twinning side spots in SAD, which are commonly observed from twin bundles (Mahato et al., 

2015; Mahato et al., 2017; Kim et al., 2017).  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6.5: BF TEM micrographs along 𝐵 ≈ [011] at 10% strain, showing: (a) a low 

magnification multi-beam BF image of long SF overlapping with few others short SFs 

and surrounded by dislocation substructure. (b) A dislocation pile-up assisted twin 

nucleus in a two-beam condition. (c) Co-existence of region with short-range cross-

slipped dislocations and Taylor lattice preserved region.  

(a) (b) 

Preservation of 

Taylor lattice 

Cross-slipped 

dislocations  
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Interestingly, dislocations in the pile-up marked by the short yellow arrows in Fig. 6.5(b) are 

parallel to the dislocations within the adjacent rectangle, while the region in between the former 

dislocations do not show any SF fringe contrast like their Shockley counterparts within the 

dashed rectangular region. This can only be explained by considering that both sets (one 

marked by yellow arrows and another within the rectangular region) of piled up dislocations in 

Fig. 6.5(b) lie sufficiently close to each other and are in identical diffraction condition. Thus, 

the dislocations indicated using arrows are perfect dislocations but not Shockley partials, 

otherwise, they would have also revealed a fringe contrast. Further, those pile-up dislocations 

in Fig. 6.5(b), showing strong contrast, are nearly parallel to the active diffraction vector, g
200

. 

Thus, they are likely to be 
𝑎

2
[1̅01] dislocations having a screw component and piled up on the 

primary plane – though such pile-up incidences were sporadic and its implications on the strain 

hardening of the steel will be discussed subsequently. 

A noteworthy multi-beam BF micrograph is presented in Fig. 6.5(c), representing the 

microstructure at 20% strain. In this figure, two distinct regions are delineated using yellow 

and red colors, and a magnified view is also presented alongside. On one hand, the yellow 

region corresponds to the Taylor lattice region, i.e. a LEDS region, which were already 

observed to be formed at early strain of 2% or before (Fig. 6.2(a)). According to Kuhlmann-

Wilsdorf (1989), the prevalence of LEDS in fcc metals/alloys is often associated with absence 

of hardening, as is observed in cyclic deformation. On the other hand, the red region reveals 

significant numbers of cross-slipped dislocations (some of them are indicated by red arrows). 

Thus, though the cross-slip in the present fine-grained steel is activated in between 2% strains 

(Fig. 6.2), the observations in Fig. 6.5(c) indicate that it is restricted only to short-range 

distances (Jackson, 1983), until intermediate strains. 

6.1.3  Dislocation substructure at failure strain  

The microstructures of the steel at the failure true strain ( 50%) are presented in Fig. 6.6. It is 

revealed from the low magnification overview micrograph of Fig. 6.6(a) that sheet like 

dislocation cell boundaries showing a diffuse contrast are formed, and that the boundary 

dislocations are not distinguishable from the surrounding dislocations. Besides, a partially 

recovered region delineated using a yellow dashed line is also discernible in Fig. 6.6(a), which 

is presumably responsible for the slightly decreasing SHR observed in stage-D (Fig. 3.1(b)) 

(Chapter 3.2). 
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Another significant microstructural feature of failed specimen presented in Fig. 6.6(b)  

is densely developed boundaries, wherein, the resolved extra dislocations demark the boundary 

from the surrounding dislocations. The observed contrast in Fig. 6.6(b) occurs when two 

adjacent regions containing dislocations are misoriented with each other across the boundary 

(Kuhlmann-Wilsdorf, 1989). Such boundaries are known as domain boundaries, which are 

actually coexist regions of differently oriented Taylor lattices (Kuhlmann-Wilsdorf, 1989). A 

domain boundary is formed when regions of significantly different dislocation arrangements 

coexist, wherein a changeover between coplanar Burgers vector takes place on the active glide 

plane (Kuhlmann-Wilsdorf, 1989). Moreover, no twin side spots were observed in the indexed 

SAD patterns, presented as insets to the BF micrographs of Fig. 6.6. 

It is known that Taylor lattices can easily transform into dislocation cells and when the 

glide takes place on more than one plane (Kuhlmann-Wilsdorf, 1989). Fig. 6.7(a) reveals the 

copious dislocations debris observed in a specimen that failed at 50% strain, which 

interestingly possesses a pair of dislocation segments, indicated by the short arrow within the 

sepia inset, whose SAD pattern is shown in Fig. 6.7 (b). Veyssiere and Gregori indirectly made 

a conclusion that such L or V-shaped dislocation segments arise from termination of the loop  

(a) 

 

Fig. 6.6: Multi-beam TEM BF micrograph of failed specimen (~ 50% strain) in 𝐵 ≈
 [011] showing: (a) a recovered region delineated using yellow line and sheet like 

dislocation cell boundaries. (b) Domain boundaries (delineated using dashed yellow 

line) formation due to co-existence of differently oriented Taylor lattices. Inset SAD 

pattern reveals the absence of twinning side spots. 

(b) 
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(a) (b) 

(c) (d) 

Fig. 6.8: The schematic of loop string formation in Fig. 6 2: (a) two impinging dislocations 

moving on parallel primary slip planes (𝑃𝑅 and 𝑃𝑅′) with velocities 

𝑣1 and 𝑣2 are jogged at 𝑃, 𝑣1 ≫ 𝑣2. The jog (solid black segment) is free to move on the 

darkly shaded cross-slip plane (𝐶𝑆). (b) The dislocation segment in solid blue trails a 

hairpin like dipole configuration along the least mobile segment. (c) The two blue 

segments (solid and dashed) forming the dipole is aligned in the screw direction and cross-

slips to the next parallel plane (𝐶𝑆′). (d) The glissile segments thus form the first loop 

through annihilation and this maneuver can repeat itself to produce several loops in 

succession. 

P 

Fig. 6.7: Bright-field TEM micrographs at failure strain (~ 50%) of the specimen 

showing: (a) a loop string amongst dislocation debris under multi-beam conditions (b) 

diffraction condition of (a) in 𝐵 ≈ [011] 
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strings by a closing jog and their subsequent relaxation towards edge orientation (Veyssiere & 

Gregori, 2002b). Such a configuration of the loop string was first observed in Fig. 6.1 for the 

studied steel at the onset of deformation, and thus the proposition of Veyssiére and Grègori 

(2002b) seems tenable in the present study. The whole mechanism of loop string formation in 

Fig. 6.1 is schematically presented in Fig. 6.8. Kubin and Devincre (1999) further suggested 

that the configurations of these loop strings remain stable under deformation, as also observed 

here in Fig. 6.7(a). 

6.1.4  Deformation microstructure of a coarse-grained counterpart 

The multi-beam TEM BF microstructure of the coarse-grained steel is now presented in Fig. 

6.9 for a direct comparison of the microstructure evolving in two different grain-sized 

specimens. Fig. 6.9(a) shows an early intersecting planar dislocation structure, indicating the 

onset of Taylor lattice formation at 2% strain, similarly as was observed in the fine-grained 

specimen (Fig. 6.2(a)). An additional feature of the coarse-grained steel at this (2%) strain is  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

in the presence of a wide SF presented as an inset in Fig. 6.9(a). Such SFs are known to play 

the role of twinning precursors in high-Mn steels (Idrissi et al., 2010; Mahato et al., 2015; De 

Cooman et al., 2018). On the other hand, the BF microstructure of the coarse-grained specimen 

shown in Fig. 6.9(b) reveals profuse twinning at failure strain of ~ 50%, which is also 
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(b) 

 

Fig. 6.9: Multi-beam TEM BF micrograph of the coarse grain steel in 𝐵 ≈  [011] 
showing: (a) intersecting dislocations and the onset of Taylor lattice at 2% strain. The inset 

shows a long SF at this strain. (b) Fine twin bundles at failure strain ~ 50%. The inset 

reveals the corresponding SAD pattern with twinning side spots. 
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confirmed from the presence of twin side spots in the corresponding 𝐵 ≈ [011] SAD pattern 

inserted in Fig. 6.9(b). Thus, the microstructural features of the coarse-grained steel counterpart 

are in good agreement with the conventional coarse-grained high-Mn steels revealing profuse 

twinning under plastic deformation (Idrissi et al., 2010; De Cooman et al., 2018). However, 

the microstructures in the fine- and coarse-grained steels used in the present study are in strong 

contrast to each other, while the former revealing near suppression of twinning and the latter 

revealing profuse twinning – and yet they reveal comparable strain hardening properties – as 

discussed under Fig. 3.1 of Chapter 3.2. 

6.1.5  Effect of grain size on deformation twinning  

It is known that deformation twins grow under locally defined stresses from defect-assisted 

atomic scale twin nuclei, which leads to different stress for twin nucleation and growth. The 

twinning tendency in fcc metals/alloys is interpreted using various empirical equations 

involving the critical twinning stress (𝜏𝑐)𝑡𝑤𝑖𝑛, which directly relate it to SFE of the concerned 

system. The literature reviewed in Chapter 1.4 indicated that grain refinement causes suppress 

the twinning tendency in high-Mn steels (Ueji et al., 2008; De Cooman et al., 2018). The 

suppression of twinning was interpreted based on the critical twinning stress, (𝜏𝑐)𝑡𝑤𝑖𝑛 – though 

such proposition remained ambiguous due to some conflicting reports. Phiu-on and Bleck 

(2008) indicated that the grain size does not affect the twinning stress, while Mohammed et al. 

(2007) reckons that it is increased by a reduction in the grain size. As also observed in the 

present type steel, twinning is generally enhanced in coarser austenite grains (De Cooman et 

al., 2018).  

The suppression of twinning in the steel used in the present dissertation could be 

qualitatively interpreted on the findings of Volosevich et al. (1976), Takaki et al. (1993) and 

Lee and Choi (2000) – discussing the influence of austenite grain size on SFE of Fe-Mn alloys. 

Volosevich et al. (1976) predict that when grain size is refined from 35 µm to 5 µm, an increase 

in SFE from 14 to 40 mJ/m2 should occur in an Fe-17.8Mn-0.47C alloy, while Takaki et al. 

(1993) expects the increment to be from 20 to 25 mJ/m2 in an Fe-26Mn alloy. In a recent study, 

Chen et al. (2021), estimated that their high-Mn steel reveals an SFE increase from 26 to 34 

mJ/m2, corresponding to a grain size refinement of 47 to 11 µm. However, their estimation 

does not consider the effect of deformation on SFE, while Mahato et al. (2015) estimated that 

SFE of high-Mn steel can increase from 18 to 40 mJ/m2 with increasing deformation. This 
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increment was attributed solely to dislocation-SF interaction, but not to any grain refinement 

(Mahato et al., 2015).  

Nevertheless, one obvious explanation based on the current theoretical and 

experimental understanding (Lee and Choi, 2000; Chen et al., 2021) could be that the SFE in 

high-Mn steels is increased due to grain size refinement. Thus, when the grain size is refined, 

the higher back stresses on dislocations within the smaller grain size elevates apparent SFE of 

the steel and twinning is known to be suppressed under high SFE conditions. Therefore, the 

evaluation of (𝜏𝑐)𝑡𝑤𝑖𝑛 values should also involve an explicit grain size dependent parameter – 

at least for high Mn steels, while such expressions are still lacking in the literature. 

6.1.6  The classical paradigm of twinning and the role of dislocation pile-up 

In this section, we try to decipher the observed suppression of twinning from a classical 

paradigm. In this theory, the twinning tendency in fcc metals/alloys is interpreted using various 

empirical equations involving the critical twinning stress (𝜏𝑐)𝑡𝑤𝑖𝑛, although unambiguous 

experimental validation of critical twinning stress is difficult (De Cooman et al., 2018). 

Nevertheless, De Cooman et al. (2018) discussed the implications of the various expressions 

for (𝜏𝑐)𝑡𝑤𝑖𝑛 and emphasized about three models that were also adopted in the present study, 

namely, the models proposed by Steinmetz et al. (2013) (Eq. 6.1), Suzuki and Barrett (1958) 

(Eq. 6.2), and Byun (2003) (Eq. 6.3):  

  (𝜏𝑐)𝑡𝑤𝑖𝑛 =
𝛾

3𝑏𝑝
+

3𝐺𝑏𝑝

𝐿0
        (6.1) 

  (𝜏𝑐)𝑡𝑤𝑖𝑛 =
𝛾

2𝑏𝑝
+

𝐺𝑏𝑝

𝐿0
        (6.2) 

  (𝜏𝑐)𝑡𝑤𝑖𝑛 =
2𝛾

𝑏𝑝
+

(2−3𝜈)

4𝜋(1−𝜈)
×

𝐺𝑏𝑝

𝑑
      (6.3) 

 The first two models closely relate to the experimentally determined values (De Cooman 

et al., 2018), while the third model predicts the highest possible critical twinning stress. In Eqs. 

(6.1) – (6.3), 𝑏𝑝 = 0.147 nm is the magnitude of the Burgers vector of Shockley twinning 

partials and 𝛾 is SFE ~ 60 mJ/m2, calculated in Chapter 5.1.5. In Eqs. (6.1) – (6.3), it was 

assumed that 𝐿0, the average length of the twinning source is ~ 200 nm (i.e., ~ 1356 𝑏𝑝) 

(Mahato et al., 2015; Mahato et al., 2017), the shear modulus of the steel 𝐺 = 72 GPa, and 

Poisson’s ratio 𝜈 = 0.24 (2014). It is worth mentioning that for twinning to occur according to 
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Byun’s model (2003), the second term in Eq. (6.3) should vanish – only if the Shockley partials 

are ‘infinitely’ separated (d → ), thereby simplifying Eq. (6.3) to (𝜏𝑐)𝑡𝑤𝑖𝑛 =
2𝛾

𝑏𝑝
. Repeating 

these calculations for the present steel, the (𝜏𝑐)𝑡𝑤𝑖𝑛 values turn out to be ~ 294 MPa, 257 MPa 

and 816 MPa (as d → ), according to Eqs. (6.1) – (6.3), respectively. These assumed 

parameters are summarized in Table 6.1. 

 The outcomes of Eqs. (6.1) – (6.3) suggest that except for the value given by Byun’s 

model (2003), the calculated (𝜏𝑐)𝑡𝑤𝑖𝑛 values are not high and could easily be overcome by the 

resolved shear stress even at small strains. Therefore, in spite of the high SFE of ~60 mJ/m2 

(Chapter 5.1.5), one might expect twinning to readily appear in the present fine-grained steel, 

similarly as observed in its coarse-grained counterpart Fig. 6.9(b), which was, however, not the 

case. In this context, it’s noteworthy to mention that Gutierrez-Urrutia and Raabe (2012) also 

observed that a coarse-grained (~ 50 µm) Fe-30.5Mn-2.1Al-1.2C high-Mn steel with a SFE of 

~ 63 mJ/m2 can reveal a high density of deformation twins under tensile straining. Thus, it is 

quite reasonable to infer that the suppression of twinning in the present steel should not be 

attributed to its high SFE alone. It has been recently reported by some of the present authors 

that the classical twinning routes are suppressed when the SFE is moderately high, but not high 

enough to completely suppress the twinning (Shyamal et al., 2021), and a non-classical hybrid 

twinning mechanism is activated. Although, no such hybrid twin mechanism could be observed 

here. 

 

 Additionally, it should be mentioned that De Cooman et al. (2018) believe besides low 

SFE, a suitable dislocation pile-up in the matrix is also a prerequisite that provides the local 

stress concentration to observe twinning through sequential overlap of wide SFs on successive 

{111} planes. Interestingly, while pile-ups are known to be ubiquitous in such steels (Mahato 

Table 6.1: Critical twinning stress values of the steel according to different models. 

Shear 

modulus, 𝐺 

(GPa) 

Burgers vector 

of Shockley 

partials, 𝑏𝑝(nm) 

SFE, 𝛾 

(mJ/m2) 

Critical twinning 

stress, (𝜏𝑐)𝑡𝑤𝑖𝑛 

(MPa) 

Twinning stress models 

72 0.147 60 

294 

257 

816 

Steinmetz et al. (2013) 

Suzuki & Barrett (1958) 

Byun (2003) 
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et al., 2015; De Cooman et al., 2018), no such long pile-up of dislocations could be observed 

in the present steel in any of the TEM foils investigated. The only exception was a sporadic 

tiny incidence in Fig. 6.5(b), which was also accompanied by a twin nucleus in its vicinity. It 

was observed from TEM studies that the dominance of cross-slip mediated dislocation 

plasticity in this steel and the associated stress field of the dislocations effectively terminate 

the possibility of overlapping of the SFs to create a twin nucleus. Therefore, it is most likely 

that the suppression of twinning in this steel is related to prevalence of various dislocation 

substructures in the matrix, and this hypothesis is tested further in section 6.1.9 

6.1.7 The role of cross-slip in delayed dynamic recovery 

It is known that cross-slip and dynamic recovery are two strongly interrelated phenomenon and 

they both affect the strain hardening response of the concerned material. The dislocation 

substructure and dearth of twins and extended SFs in the deformed steel, as presented in the 

TEM micrographs described in previous sections is consistent with the high SFE of the steel, 

~60 mJ/m2 (Chapter 5.1.5). Such a situation is known to favor cross-slip that is usually 

activated at large strains. Formation of the di/multi-polar dislocation arrays and the wavy slip, 

however, indicate that cross-slip was activated quite early in the present steel (2–5% strains, 

see Fig. 6.2). In such conditions, cross-slip induced dynamic recovery is expected in strain 

hardening stage C and consequently, SHR should decrease in this stage (Humphreys & 

Hatherly, 2004). However, any pronounced softening did not occur even at 30% strain (Fig. 

3.1(b) of Chapter 3.2), despite cross-slip being activated at the onset of deformation (Fig. 3.1(b) 

of Chapter 3.2). 

In an attempt to explain this fallacy, it is perceived that any drop in SHR in stage C is 

essentially due to dynamic recovery, wherein, an important role is played by annihilation of 

dislocations with opposite Burgers vectors (Rollett & Kocks, 1993). The annihilation of 

dislocations does not seem very relevant in stage C for the present steel (Fig. 6.5(c)) and 

therefore a possible explanation in line with the finding of Jackson (1983) is that any cross-slip 

initiated at low strains has to be confined only over short-range distances until intermediate 

strains. The observation in Fig. 6.5(c) indeed lends support to this conjecture. Thus, such 

occurrences of cross-slip over short-range would delay dynamic recovery at intermediate 

strains and in synergy with the presence of LEDS delay associated softening in stage C. In such 

instances, cross-slip, instead of decreasing the SHR, upholds it at ~ 
G

35
, i.e., maintains a stable 
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hardening of the steel until 30% strain. On the other hand, at even higher strains (> 30%), as 

and when the region of cross-slip extends within the grain interior, the probability of dynamic 

recovery increases due availability of more numbers of newly created dislocations. Such a 

situation would lead to observing recovered region(s) (Fig. 6.6) and associated drop of SHR in 

stage D (Fig. 3.1(b) of Chapter 3.2). 

6.1.8  Effect of equilibrium stacking fault width 

The presence of wide SFs within the deformation microstructures may also hinder the 

dislocation glide, and therefore the precise understanding of the active deformation 

mechanisms requires the determination of the width of SFs. It is well known that in absence of 

any external stress the width of a SF depends on the energy of the faulted region itself and the 

repelling forces of the two Shockley partials, which is same as the SFE of the material under 

consideration. However, the presence of any external stress strongly influences the formation 

a SF, and it should directly affect the width of the SF (Byun, 2003). Byun (2003) has suggested 

the dependence of the SF width (𝑤𝑠𝑓) on the external shear stress (𝜏), according to the following 

equation: 

 𝑤𝑠𝑓 =
𝐺𝑏𝑝

2

𝜋(2𝛾 − 𝜏𝑏𝑝|𝑠𝑖𝑛 𝜃2− 𝑠𝑖𝑛𝜃1|)
[𝑐𝑜𝑠 𝜃1 𝑐𝑜𝑠 𝜃2 +

𝑠𝑖𝑛 𝜃1 𝑠𝑖𝑛 𝜃2

(1−𝜈)
]  (6.4) 

where, 𝜃1 and 𝜃2 indicates the angles made by the Burgers vectors of the leading and trailing 

partial dislocations with the unit vector of the perfect dislocation line, presumed as −30° and 

+30°, respectively.  

 Therefore, Eq. (6.4) predicts that in the present steel only narrow SF ribbons will be 

formed, which might not provide any effective obstacle to the dislocation glide. A multi-beam 

BF TEM micrograph along 𝐵 ≈  [011] at 5% strain is presented in Fig. 6.10(b), clearly shows 

that only fine sporadic SF ribbons surrounded by dislocations are evolved in the microstructure, 

although their widths are somewhat larger than the predicted one – attributable to the accuracy 

limits of several parameters used in Eq. (6.4), as well to any statistical variation of the width 

seen in TEM.  

 It is unanimously accepted that twinning in fcc crystals is observed, when the SFs overlap 

on successive {111} close packed planes. Interestingly, Talonen and Hänninen (2007) 

proposed the dependence of equilibrium twin width (𝑤𝑡𝑤) on the number of overlapping SFs 
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(𝑁), which also involves the SFE of the austenite and is governed by the following equation: 

 𝑤𝑡𝑤 =
𝑁𝐺𝑏𝑝

2

4𝜋𝜎𝛾∕𝜀 [
3

4
− 

1

4(1−𝜈)
]        (6.5) 

where, 𝜎𝛾∕𝜀 is the energy of the austenite/𝜀-martensite interface, which is a poorly defined 

parameter and is often approximated as 𝛾 = 2𝜎𝛾∕𝜀 with reported values for Fe-Mn alloys lying 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 between 5–30 mJ/m2 (Cotes et al., 2004). In the present study, the calculation of Talonen and 

Hänninen (2007) was repeated assuming the SFE of ~ 60 mJ/m2 (Chapter 5.1.5). The results 

Fig. 6.10: (a) Variation of SF width with shear stress. (b) The multi-beam BF TEM 

micrographs along 𝐵 ≈ [011] showing fine stacking fault ribbons at 5% strain. (c) 

Variation of overlapping SFs width with the number of overlapping SFs. 

(b) 
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are plotted in Fig. 6.10(c). It can easily be inferred from the figure that the conditions in the 

present steel are too restrictive for deformation twinning, with 𝑤𝑡𝑤 not even reaching 100 nm 

even after overlapping of 25 SFs on successive twin planes. Interestingly, it is worth 

mentioning that it will be a deception to attribute this restriction to high SFE, since it was noted 

in the preceding discussion that even a high SFE ~ 60 mJ/m2 could also lead to a low twinning 

stress, though no abundant twinning could be observed in reality. Thus, it is reasonable to 

conclude that since the SFE in the present steel cannot directly contribute towards the 

prevalence of twinning, the high SFE value of ~ 60 mJ/m2 offers a favorable path to the 

occurrence of dislocation cross-slip at early strains (Section 6.1.1). Subsequently, dynamic 

recovery in the steel is delayed until stage C due to restriction of cross-slip to short-range 

distances, as already expressed in section 6.1.7. 

6.1.9  Effect of local dislocation substructure 

It is to be noted that the interplay between dislocation motion and twinning is still an open 

question, and the general consensus is that twinning occurs when the deformation conditions 

are such that it cannot completely accommodate the imposed plastic strain rate through 

dislocation slip and thereby calling for additional mechanisms. According to Mahajan (1969), 

Boucher and Christian (1972), the onset of twinning is a complex phenomenon that cannot 

simply be described by a critical global stress value, and that the dislocation density and 

structure play major roles in determining the twinning occurrences. They further hypothesized 

that the dislocation distribution was far more important to suppress twinning, and it could be 

suppressed due to presence of a homogenous dislocation distribution (Mahajan, 1969; Boucher 

and Christian, 1972). Combining their postulate with the complex dislocation substructure 

observed in the present study, it is likely that grain refinement terminates the twinning 

opportunity in this steel through hindering the overlap of SF pair, due to the presence of various 

dislocation substructure. 

To strengthen this argument, the nucleation and growth of a twin lamella at 10% strain 

are distinctly observed in the two-beam BF micrograph of relatively low dislocation containing 

region displayed in Fig. 6.11(a), obtained with secondary g200 beam in 𝐵 ≈  [011] primary 

beam direction. The characteristic periodic contrast of the 
𝑎

6
〈121〉 Shockley twinning partials 

in the nucleating stages, corresponding to g.⃗⃗ 𝑏⃗ =  ±
1

3
  is clearly identifiable in Fig. 6.11(a). The 

existence of extrinsic-intrinsic SF pair in the twin lamella of Fig. 6.11(a) was determined in 
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Fig. 6.11(b) on the basis of the contrast of SF outer fringe under axial DF conditions. A pair of 

extrinsic and intrinsic SFs, labelled respectively as ESF and ISF, is identified with g200 axial 

DF in Fig. 6.11(b). The g200 diffraction vector in Fig. 6.11(b) points away from the bright and 

dark outer fringes of the respective SFs, representing a set of ESF and ISF; indicated using a 

pair of yellow arrows. Thus, it is clearly evident that any probable occurrence of twinning in  

 

 

 

 

 

 

 

 

 

 

 

the studied steel is also realized through overlapping of extrinsic-intrinsic SF pairs, as happens 

in other high-Mn steels (Mahato et al., 2015; Mahato et al., 2015; Kim et al., 2017) although 

such circumstances were rather infrequent in the present deformation condition. It is therefore 

imperative from the present TEM studies that seldom occurrence of twinning in the present 

steel, as observed in Fig. 6.5(b) is restricted to only regions devoid of homogenous dislocation 

substructure, where the growth of twin can sustain after any nucleation (Fig. 6.11). Thus, the 

overall twin deficiency is collectively attributed to absence of suitable dislocation pile-up that 

had to provide a local stress concentration, while at the same time, the cross-slip lead 

dislocation substructures produced in the matrix offers a preventive environment for twinning. 

In hindsight, dislocation mediated plasticity in a fine-grained high-Mn steel predominates 

under a twin destitute condition and the strain hardening response observed is quite comparable 

Fig. 6.11: TEM micrographs at 10% strain along 𝐵 ≈ [011] showing: (a) two-

beam BF micrograph showing the characteristic periodic contrast of the 
𝑎

6
〈121〉 

Shockley twinning partials indicating nucleation and growth of a rare twin lamella 

in a region devoid of dislocation substructure. (b) Axial DF of (a) showing a pair 

of extrinsic and intrinsic SFs in the twin lamella. 

(a) 

ESF (Bright) →  

ISF (Dark) →  

(b) 
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to that manifested by a coarse-grained counterpart containing profuse deformation twinning 

(Fig. 3.1(a) of Chapter 3.2). 

6.1.10 Correlations between X-ray line profile analysis and transmission electron 

microscopy investigations 

The microstructural parameters estimated using XLPA in Table 5.1 and described through 

Chapter 5.1.1 – 5.1.5 are further introspected using TEM investigations of the differently 

deformed specimens and discussed. Fig.6.12 demonstrates a set of TEM BF micrographs 

acquired along [110] zone axis, revealing various aspects of the deformed microstructures at 

each terminal strain. Fig. 6.12(a) obtained with g
220

 depicts the activation of multiple slip at 

2%, occurring through mutually interacting gliding dislocations, while some of them are pinned 

and further that some of those dislocations are seen to trail a dipole loop, which on one hand, 

reaffirms the findings of XLPA in Table 5.1 that the dipole character/strength of dislocations 

are very prominent at early strains (2%). On the other hand, wavy glide could also be identified 

in Fig. 6.12(a), which is explained by the fact that glide mode of dislocations (whether planar 

or wavy) is determined by SFE of the concerned alloy system and that a high SFE usually 

promotes wavy glide and subsequent cross-slip of dislocations in fcc metals and/or alloys 

(Smallman & Ngan, 2007). At 5% strain, it is revealed from Fig. 6.12(b) that wavy glide 

becomes more prominent, and that cross-slip is a major deformation mode of the steel at this 

strain level.  

As the strain is further increased to ~ 10%, regions of very high dislocation densities in 

the form of tangles and weak dislocation cells are observed in Fig. 6.12(c). The development 

of forest dislocations and dislocation cells at low strains is quite remarkable in Fe-Mn-Al-C 

alloys for that these alloys primarily deform by planar slip at low strains (De Cooman et al., 

2018). The appearance of dislocation cell at low strains (Fig. 6.12(c)) therefore is to be 

explained through the occurrence of multiple slip and wavy glide observed in Figs. 6.12(a) and 

(b), which in turn would facilitate cross-slip of dislocations at such strains. It is reported that 

dislocations before cross-slipping, should rearrange themselves into cell walls to reduce their 

stress fields (Smallman & Ngan, 2007). However, since cross-slip is related to internal stress 

of the material, it might also occur without any rearrangement of dislocations into cell walls. 

Nevertheless, cross-slip is likely to be responsible for the microstructure observed at 10% strain 

(Fig. 6.12(c)). This is also supported by the XLPA findings in Table 5.1 from the slowly 

increasing strain dependent 𝑅𝑒 values that signify the phenomenon of stress relaxation of 
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dislocations with increasing strain (Table 5.1 and Chapter 5.1.4). 

Interconnected dislocation cells become a quite prominent feature at failure strain (~ 

50%), and presented in Fig. 6.12(d). Alongside, dislocation free clear regions are also 

discernible in Fig. 6.12(d), which is essentially a consequence of dynamic recovery of 

dislocations occurring at high strains before fracture. In other words, Fig. 6.12(d) also reaffirms 

the apparent contrasting XLPA finding that 𝑀 ~ 2.1 in Table 5.1 for the fractured specimen 

indeed represents weakening of dislocations’ dipole strength at large strains, while a stronger 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6.12: Bright-field TEM micrographs along 𝐵 ≈  [110] showing: (a) activation of 

multiple slip , pinning of dislocations and dipole loop formation at 2% strain (b) wavy 

glide of dislocation at 5% strain (c) forest dislocations and weak dislocation cell walls 

at 10% strain (d) interconnected dislocation cells and dislocations free recovered regions 

at failure strain (~ 50%). 

(a)

(d)(c)

(b)
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character is otherwise expected at such strains for fcc metals/alloys (Ungar et al., 2017). 

Besides, the presence of recovered region in Fig. 6.12(d) also justifies the marginal increase in 

𝑅𝑒 values observed at this strain (~ 50%) and discussed in Chapter 5.1.4, since it is well known 

that in presence of dynamic recovery, the deformed austenite undergoes significant stress 

relaxation (Pietrzyk et al., 2015). In such instances, the correlation among the dislocations are 

expected to decrease and reflected through an increase in 𝑅𝑒 values. 
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7.1 The dislocation substructures and their contribution to flow-stress 

 In absence of dynamic strain ageing (DSA) and planar faults, the total flow stress of the 

studied steel can be approximated as: 𝜎𝑡𝑜𝑡𝑎𝑙 = 𝜎𝑌𝑆
0 + 𝜎𝑙𝑜𝑜𝑝 + 𝜎𝑓𝑜𝑟𝑒𝑠𝑡 where, 𝜎𝑌𝑆

0 , 𝜎𝑙𝑜𝑜𝑝 and 

σforest are the contributions to flow stress due to lattice friction, prismatic dislocation loop and 

forest dislocations, respectively. The contributions to 𝜎𝑌𝑆
0  are from the lattice friction stress 

(𝜎0), approximated for fine-grained steel from the flow curve in Fig. 3.1(a) as: 375 MPa. The 

contribution of 𝜎𝑙𝑜𝑜𝑝 be calculated using the relation involving dislocation core radius (𝑟) i.e. 

the region within which the linear elastic solution diverges, prismatic loop diameter (𝑤) and 

the average prismatic loop density (𝜌𝑙𝑜𝑜𝑝) (Fourie & Murphy, 1962): 

𝜎𝑙𝑜𝑜𝑝 =
𝐺𝑏√𝜌𝑙𝑜𝑜𝑝𝑤𝑠𝑖𝑛 45°

2𝜋(1−𝜈)
𝑙𝑜𝑔 (

𝑤

𝑟
)     (7.1) 

where, 𝐺 ≈ 72 GPa is the shear modulus, 𝜈 = 0.24 is Poisson’s ratio and 𝑏 = 0.2554 nm is 

magnitude of the Burgers vector. A reasonable value for 𝑟 lies in the range: 𝑏 ≤ 𝑟 ≤ 4𝑏, and 

often approximated as ~ 1 nm (Hull & Bacon, 2011). From Fig. 6.3.(c) (Chapter 6.1.1), 𝑤 is 

estimated as ~ 40 nm, also matching well with the literature (Fourie & Murphy, 1962). 

 

 

 

 

 

 

The challenge lies in experimental determination of 𝜌𝑙𝑜𝑜𝑝, while Fourie and Murphy in 

their original work (Fourie & Murphy, 1962) assumed ~ 1019 loops/m3, it was later shown by 

Zhou et al. (2017), that a constant loop density ~ 1021 loops/m3 best reproduces the stress-

strain behavior of Al during laser shock peening. Therefore, 𝜌𝑙𝑜𝑜𝑝 ~ 1021 loops/m3 was 

assumed for estimating 𝜎𝑙𝑜𝑜𝑝. With these considerations, 𝜎𝑙𝑜𝑜𝑝 was estimated as ~ 33 MPa 

from Eq. (7.1), which is indeed consistent with the report of Kuhlmann–Wilsdorf (1989) that 

Table7.1: Dislocation parameters and their contribution to flow stress. 

Strain (%) Dislocation 

density, 𝜌(×1014  

m-2) 

Dislocation 

interaction 

parameter, 𝛼𝑖 

Observed 

flow-stress 

(MPa 

Forest 

dislocation 

Contribution 

(MPa) 

2% 

5% 

10% 

50% 

1.18 

1.44 

1.78 

24.86 

0.429 

0.423 

0.416 

0.335 

392 

457 

570 

1338 

 

49 

162 

930 
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the contribution of loops to strain hardening is minimal. On the other hand, the contribution of 

forest dislocation could be estimated using Taylor’s equation (Taylor, 1934): 𝜎𝑓𝑜𝑟𝑒𝑠𝑡 =

𝑇𝛼𝑖𝐺𝑏√𝜌 where, 𝑇 is the Taylor factor, 𝜌 is dislocation density and 𝛼𝑖 is dislocation interaction 

strength parameter. It was further suggested that for microstructures containing LEDS, the 

parameter 𝛼𝑖 should not be assumed constant, and its variation with strain is calculated as 

(Kuhlmann–Wilsdorf, 1989): 

𝛼𝑖 =
1−

𝜈

2

6𝜋(1−𝜈)
𝑙𝑛 (

3

𝑏√𝜌
)       (7.2) 

Thus, the estimation of 𝛼𝑖 for each terminal strain from Eq. (7.2) is based on the 𝜌 values 

obtained from the X-ray line profile analysis for each strain, also presented in Table 7.1. The 

variation of 𝛼𝑖 with strain is shown in Fig. 7.1(a), which clearly indicates that interactions 

among dislocations decreases at large strains, presumably through dynamic recovery (DRV). 

In agreement to this, the TEM BF microstructure presented in Fig. 7.1(b) contains areas of very  

 

 

 

 

 

 

 

 

 

low density of dislocations, which are surrounded by regions of high-density dislocation walls, 

characteristic of a high SFE microstructure. It also indicate towards some decrease in the 

correlation among dislocations indeed occurs through DRV occurring before fracture (~50% 

strain) (Mahato et al., 2015). DRV in high-Mn steels is generally observed during hot 

deformation, while the present steel was deformed at RT with a quasi-static strain rate, thus 

Fig. 7.1: (a) Variation of dislocation interaction strength parameter with strain. (b) 

Recovered region in austenite surrounded by forest dislocations in multi-beam 

condition at failure strain ~50%. 

(b) 
(a) 
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any adiabatic heating induced DRV is ruled out, but attributed to the presence of LEDS 

observed under TEM ((Fig. 6.2) (Chapter 6.1.1))((Kubin & Devincre, 1999). 

 

 

 

 

 

 

 

 

Besides the contribution from 𝜎𝑌𝑆
0 , the observed true flow stress includes contributions 

from primarily two types of dislocations, namely, the prismatic loops and the newly created 

forest dislocations. At 2% strain, by adding 𝜎𝑌𝑆
0  ~ 375 MPa and 𝜎𝑙𝑜𝑜𝑝~ 33 MPa one obtains a 

flow stress of 408 MPa, which is comparable to the observed flow stress of 392 MPa in (Table 

7.1), also indicating 𝜎𝑓𝑜𝑟𝑒𝑠𝑡 is significant at 2% strain. In fact, no hardening was observed in 

the flow stress curve (Fig. 3.1(a) of Chapter 3.2) until this strain, while discontinuous yielding 

took place. Hardening in Fig. 3.1(a) of Chapter 3.2 indicates the predominance of 𝜎𝑓𝑜𝑟𝑒𝑠𝑡 at 

higher strains. Using 𝛼𝑖and ρ values from Table 7.1 for 5% strain and considering 𝑇 =3.06, it 

is further obtained that 𝜎𝑓𝑜𝑟𝑒𝑠𝑡 = 290 MPa. Therefore, adding up the previous contributions 

from 𝜎𝑌𝑆
0  and 𝜎𝑙𝑜𝑜𝑝 with 𝜎𝑓𝑜𝑟𝑒𝑠𝑡, the calculated flow stress is ~ 698 MPa, which is ~ 240 MPa 

higher than the observed flow stress value ~ 460 MPa at 5% strain (Table 7.1). This mismatch 

in the flow stress essentially arises due to the fact that entire dislocation density reported in 

Table 7.1 comprises of mobile and forest dislocations. Thus, only a fraction of this 𝜌 value will 

contribute to the Taylor hardening. To our knowledge, no empirical equations or direct methods 

allow the estimation of such fraction of total dislocation densities, and therefore, an indirect 

and approximate approach is now presented below, based on the assumption that most of the 

loops are created at early strains (2%) and that their number remains nearly constant throughout 

the deformation range (Kubin & Devincre, 1999). It was further proposed that any stable work 
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Fig. 7.2: Variation of mobile and forest dislocation fraction with strain. 
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hardening at large strains is possible if the newly created mobile dislocations break away from 

the pre-existing configurations of forest dislocations. 

A simple back-estimation in this study gives that the observed flow stress value at 5% 

will be matched only if 4% of the reported 𝜌 value in Table 7.1 contribute through Taylor 

hardening, which in other words, is equivalent to presence of about only 4% forest dislocations 

at 5% strain contributing to ~49 MPa (Table 7.1) while the remaining 96% dislocations in the 

estimated density should come from mobile dislocations. In a similar fashion, the fraction of 

forest and mobile dislocation are obtained for the remaining terminal strain and plotted in Fig. 

7.2 showing that the mobile dislocations’ fraction decreasing to 70% and 10% for 10% and 

50% strains, respectively. Expectedly, the forest dislocations at these strains increase to – 30% 

and 90%, which respectively contribute ~ 162 MPa and ~ 930 MPa to flow stress values (Table 

7.1). This has an additional implication that newly created forest dislocations gradually 

outnumber the loops and the mobile dislocations at higher strains, resulting in gradual decrease 

in latter fractions in the dislocation population. 
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8.1 General conclusion  

In this thesis the deformation microstructure and plasticity mechanism of a high-Mn Fe 26Mn-

1Al-0.14C steel was studied. The Fe-26Mn-1Al-0.14C steel was tensile tested at RT using 

quasi static strain rate of 10–4 s–1. XRD data acquisition of the differently strained specimens is 

carried out to know the structural and microstructural information. The EBSD and ECCI 

measurements were performed using a high-resolution field emission scanning electron 

microscope. TEM investigations were carried out to observe the deformation microstructure 

and deformation mechanism. Based on the results the following conclusions can be drawn: 

1. A distinct four-stage strain hardening with a nearly constant strain hardening rate as high 

as 2 GPa (~ 
G

35
 ) was observed until ~30% true strain, which at higher strains decreases 

slightly up to the fracture strain of ~50%. The deformation was dominated by various 

dislocation activity and delayed dynamic recovery, only causing a marginal drop in strain 

hardening rate at high strains. 

2. High incidence of screw type dislocations’ proliferation was revealed at the onset of 

deformation (2% strain) that gradually decreased with increasing imposed strain, while the 

densities of planar (stacking and twin) faults remained uncharacteristically small (~10-4) 

until fracture occurring at ~50% strain.  

3. Strong dipole character of dislocations was observed at the beginning of deformation, 

which facilitated cross-slip at early strain. 

4.  The early-stage deformation microstructure comprised of Taylor lattice and dislocation 

substructures, such as dislocation dipoles and multipoles, created by cross-slip. Wavy glide 

became even more pronounced at a higher strain of 10%, wherein the earlier dislocation 

structures transformed to weak tangles and cells.  

5. Despite the dislocation densities increasing monotonously with increasing strain, and the 

highest value (~1015 m-2) being observed at fracture strain (~50%), dynamic recovery was 

very significant at this strain (~50%), resulting in decreasing correlation among the 

dislocations, correlated through the gradually increasing 𝑅𝑒values from 34 nm at 2% strain 

to 43 nm at failure.  

6. The microstructural aspects of the steel could be reasonably correlated with the relatively 

high SFE of the steel ~60 mJ/m2, which was estimated according to the modified Schramm 

and Reed method based on the dislocation induced anisotropic strain broadening. The high 

SFE value was not favorable for any planar slip and consequent deformation twinning but 
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it promotes a wavy slip and cross-slip at the onset of deformation, while complex 

dislocation substructures, like tangles and cells were observed at large strains. 

7. Wide SFs, as obstacles to dislocation glide, were rare in the microstructure due to the high 

SFE of the fine-grained steel, ~ 60 mJ/m2, because of a very high critical stress value 

required to form. In this situation, dislocation glide dominated and deformation twinning 

was largely suppressed throughout the straining range. 

8. The twin deficiency could not be explained on the basis of critical twinning stress. Rather, 

the deficiency of twinning is collectively attributed to absences of extended SFs and 

suitable dislocation pile-ups as well the presence of dislocation substructure. 

9. Plasticity was governed by a cross-slip assisted dislocation truncation mechanism 

producing dislocation loop strings and Taylor lattices at early strain. Such a cross-slip based 

mechanism is expected to delay dynamic recovery in stage C to produce a good 

combination of high strength and ductility. 

10. The dislocation substructure at 2% strain comprises of prismatic loops and mobile 

dislocations, wherein the contribution of loops to flow stress is minimal: 33 MPa and no 

hardening was observed until this strain. At 5% strain, the role of forest dislocations is 

activated and 4% of such dislocations were found contributing ~ 49 MPa, whose propensity 

increases rapidly with further increasing strain whose corresponding contribution was ~ 

162 MPa and ~ 930 MPa, accompanied with a concomitant decrease in the population of 

mobile dislocations. 

8.2 Scope for future work 

In continuation of the studies on the Fe-26Mn-1Al-0.14C steel, it is imperative that the 

following aspects should be planned as future activity. 

1 To investigate the role of short-range ordering on the flow stress behavior of Fe-

Mn-Al-C steels from high resolution TEM investigation. 

2 Unravel the role of Grain boundary dislocation interaction that lead to formation of 

dislocation substructures in Fe-Mn-Al-C steels. 
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